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VABSTRACT
X-RAY RELAXATION STUDIES ON
LOW AND HIGH DENSITY POLYETHYLENE
September 1978
Robert J. Cembrola
B.S., M.S., Rochester Institute of Technology
M.S., Ph.D., University of Massachusetts
Directed by: Professor Richard S. Stein
Wide-angle x-ray relaxation studies were performed on films of
low and high density polyethylene (LDPE and HDPE)
. Studies have been
made in the following areas:
1. Relaxation experiments were performed on quenched and slowly
cooled LDPE at room temperature. The a, b, and c axes orientation func-
tions were calculated as a function of time.
2. Static orientation measurements were made on quenched HDPE
to obtain a calibration curve of relative intensity versus orientation
function. This calibration curve is later used in the high density
relaxation experiments.
3. Quenched and slowly cooled HDPE experiments were completed at
four temperatures. Arrhenius 1 theory was used to calculate activation
energies for the a, b and c-axis orientation.
A thorough review of the literature will be made emphasizing
existing polymer deformation theories and the nature of the various
relaxation processes in polyethylene. An attempt will be made to inter-
pret the relaxation results in relation to the existing theories.
The degree of crystal 1 inity of a low density polyethylene was
measured as a function of temperature using an automated wide-angle
x-ray diffractometer. A modified method of Ruland was employed to
determine the degree of crystal 1 inity
.
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INTRODUCTION
The mechanical properties of crystalline polymers are characterized
by a relaxation spectrum which is very broad, associated with a much greater
range of relaxation times than encountered with an amorphous polymer (1,2).
The broadness of the crystalline polymer relaxation spectrum is associated
with the greater range of fundamental processes contributing to its relaxa-
tion. It has been pointed out that the crystal orientation is a composite
process involving spherulite deformation and various crystal reorientation
processes occurring within the spherulite at different rates, and that a
proper description of the relaxation would involve its resolution into
these more elementary processes (3). Recently, attempts have been made to
extend the theories of static deformation (4-9) to the description of time-
dependent data.
In terms of the Yoon-Stein formulation (8,9), the spherulite is
assumed to deform affinely, simultaneously with sample deformation. Evi-
dence for this assumption has been reported by Erhardt and Stein (10,11)
for spherulites of polyethylene and polybutene-1
.
The nature of the various relaxation mechanisms of polyethylene is
an active concern of research today. A discussion will be given concerning
the various theories and an attempt will be made to correlate the experi-
mental results of this study with these ideas.
CHAPTER I
HISTORICAL SURVEY
A. Morphology of Crystalline Polymers
Crystallinity was first discovered in natural linear polymers
(cellulose, keratin, gelatin, wool, and stretched rubber), and soon after-
wards in synthetic polymers with a sufficiently regular structure of the
backbone and a few or no side groups (12). Sterical tacticity (syndio-,
iso-) and positional symmetry (head-tail) are other factors which favor
crystallization. Even with a well -crystallized polymer, x-ray diffraction
results indicate the presence of both an amorphous and crystalline phase.
From the simultaneous appearance of diffuse rings characteristic of amor-
phous material, and sharp rings characteristic of crystalline material, it
was concluded that a partially crystallized polymer contains very small
crystals imbedded in an amorphous matrix. The fringed micelle concept of
Hermann, Gerngross, and Abitz (13,14) assumed a random arrangement of long,
linear macromolecules which, in regions of sufficient chain alignment, are
able to form a crystal lattice (Figure 1).
Individual molecules are assumed to extend from one crystallite to
another, passing through the amorphous regions. The model assumes that the
polymer is composed of a two phase system with the amorphous phase in a
thermodynamic non-equilibrium state (14). Since the amorphous chains trans-
verse more than one crystallite, the entropy of the constrained chain is
less than in the melt. This concept found good support from observations on
1
2rubber which crystallizes upon stretching, i.e., upon local alignment of
originally randomly coiled macromolecules.
The fringed micelle model qualitatively accounts for many physical
and thermodynamic features of crystalline polymers; however, the model does
not account for specific crystal orientation upon deformation, and the obser-
vation of larger entities such as spherulites (15,16).
The discovery of spherulites (15,16) in polymer solids, and much
later of polymer single crystals (17-19) either grown from solution or from
the melt, has drastically changed the concepts of polymer crystallization
and of fine structure of crystalline polymer solids. The model which
developed from these findings was of a polymer chain which zigzags back
and forth within a single crystal and does not pass from one crystal to
another. This became known as the folded chain lamellae model and is illus-
trated in Figure 2. The relatively thin crystal lamellae with a thickness
between 100 and 200$ contain folded chains perpendicular to the lamellae
surface (Figure 3). The lateral dimensions of the lamellae are many times
larger than the lateral faces, so that the influence of the lateral faces
on the crystal properties is generally ignored. It was also shown that the
chains tend to fold regularly and re-enter the crystal immediately adjacent
to themselves (20-22).
During crystallization the lamellae tend to form a superstructure
which has been termed a spherulite (15,16). A spherulite is a spherically
symmetric structure composed of lamellae emanating from one center (Figure
4). The microstructural detail of bulk polymers has been examined by the
nitric acid selective oxidation procedure (23-25), ul tramicrotome technique
(26,27), detachment replication (28,29), and by fracture at low temperatures
(30-33).
Spherulites are generally believed to contain both amorphous and
crystalline material. The lamellae contain the crystalline phase, whereas
the amorphous phase is in the form of tie chains, loops, cilia and uncrystal-
lized material located between the lamellae.
Recent neutron scattering work by Schelten, et al . (34), concludes
that the model of regularly folded chains with adjacent re-entry does not
conform to their scattering data. Yoon and Flory (35) have computed the
angular dependence of the intensity of neutron scattering of deuterated
polyethylene chains dispersed in the protonated host in a semi -crystal 1 ine
state for various morphologies that differ according to the mode of re-entry
of the chain into the crystalline lamellae. Yoon and Flory conclude that
their results are incompatible with the regularly folded morphology. They
favor a model in which a major fraction of chains emanating from a crystal-
line layer escapes from there instead of re-entering the layer at the adjacent
lattice site. The molecular arrangement at the crystal faces transverse to
the c-axis is reminiscent of the "switchboard" model (36,37). These results
of SANS on polyethylene corroborate the large body of evidence gathered and
evaluated by Mandelkern and co-workers (38), showing the regularly folded
model to be untenable for bulk-crystallized polymers.
The case for adjacent re-entry, however, has not been abandoned.
Infrared spectroscopic studies by Krimm and co-workers (39-41) on mixed
4crystals of normal and perdeuterated polyethylene conclude that adjacent
re-entry is favored and suggest that regular folds are the major consti-
tuent of folded chain crystals. It is obvious that the nature of the chain
fold has not been fully resolved and remains an active area of research.
Another model of a crystalline polymer has been devised by Hosemann
(42,43) and is shown in Figure 5. Hosemann contends that the structure of
high polymers cannot be understood as a mixture of crystal -like and amorphous
material (44). If this were so, the x-ray interference patterns of high
polymers would show a diffraction type known from the interference theory
of Laue (45,46) and Bragg (47) and a more or less diffuse background,
according to the interference theories of liquids by Zerni ke-Prins (48)
and Debye-Menke (49) or of randomly distributed scattering centers as given
by Lord Rayleigh (50) or Guinier (51). Hosemann's paracrystall ine model
says that polymer crystals are arranged in an array which contains various
distortions which give rise to the diffuse scattering pattern. However,
the concept of paracrystallinity, though useful, is not fully clear. The
difficulties in interpretation have been pointed out by Buchanan and Miller
(52) in their study of x-ray line broadening in polystyrene.
5B. Orientation in Polymers
It is well known that preferred orientation can be induced in
solid polymers by mechanical treatment and that this molecular orientation
can have a profound effect on mechanical properties. Structure-property
relationships in polymers require an intimate knowledge of the state of
orientation. Several techniques have been developed which can characterize
a particular aspect of an orientation, among them: birefringence (55),
infrared dichroism (56), light scattering (61), small and wide angle x-ray
diffraction (53,57), and sonic modulus (58). Each technique is sensitive
to a particular structural element and their combined use helps to charac-
terize the total orientation. Preferred orientation is fundamentally a
nonrandom distribution in the orientation of a certain basic type of struc-
tural unit with respect to a fixed coordinate system. A given polymer may
possess a number of preferred orientations, such as the orientation of
crystal axes, of amorphous chain segments, and of side groups.
The orientation function, introduced by Hermans, et al . (53), and
Stein (54), is a concept of fundamental importance. The basic principle
is that of characterizing an orientation distribution by a second-order
moment. As an illustration, let us consider a uniaxial orientation distri-
bution N(a) as a function of a polar angle a. The Hermans' orientation
function f is defined as
* - 3<COS a> - I
T
~ 2
6where the bracket indicates that cos 2 a is averaged over the orientation dis-
tribution. The orientation function concept was later extended to encom-
pass the biaxial orientation case (59) and fourth-order moments (60). The
application of these various techniques to the study of molecular orientation
will be discussed in subsequent sections.
C. Deformation of Crystalline Polymers
An objective in our understanding of the behavior of crystalline
polymers is to predict the change in crystal orientation upon deformation.
The floating-rod model of Kratky (62) was one of the first attempts to
characterize molecular orientation. Kratky assumed that the crystal orien-
tation could be predicted on the assumption that the crystals were randomly
oriented and imbedded in a continuous matrix which underwent affine defor-
mation. While this theory approximately predicted the orientation of the
chain axis, it was not satisfactory in predicting the details of the orien-
tation behavior and not able to account for differences in the orientation
behavior of the a and b crystal axes.
A major step forward was made by Wilchinsky (63) who considered
the occurrence of crystals in spherulites and attempted to account for
their orientation in terms of a deformation model of those spherulites.
In Wilchinsky 1 s model it is assumed that the crystals themselves are not
deformed when a sample of polymer is deformed; therefore, there must be
mechanical interaction between the crystal and its neighbors. Such inter-
action is inherent in the older fringed micelle concept of polymer structure.
7In the more recent folded chain concept, the interaction can be obtained
by postulating the presence of "tie molecules" (64). The treatment was
not restricted to either of these structural concepts; however, it is
assumed that the interaction is such that the c axis tends to orient in the
direction of the deforming strain. Rather good agreement is found when the
theory is compared to experimental data of Stein and Norris (65) for the
c-axis orientation function.
An improved model for spherulite deformation was proposed by
Sasaguri, Hoshino, and Stein (66) to account for specific crystalline orien-
tation. Light and electron microscopy studies of deformed low-density poly-
ethylene (67) and nylon indicate that stretching is initially accompanied
by the deformation of spherulites into el 1 ipsoidal ly shaped objects with
their principal axes lying in the stretching direction. This is consistent
with interpretations of the change in light scattering patterns from films
upon stretching (67,68). Wilchinsky (63) attempted to account for changes
in crystal orientation upon stretching by proposing an affine transformation
of spherulites in which the c axis direction transforms as a line vector. A
special case of such a transformation is shown in Figure 6a where the c axis
is initially parallel to the spherulite surface, and remains parallel to the
surface during deformation. For such a case, one predicts an initial positive
birefringence upon stretching and approximately accounts for the experimentally
observed variation (65,69) in the c axis orientation function for polyethylene.
It does not, however, account for the observed (69) difference in orientation
behavior of the a and b axes for polyethylene nor for the initial negative
birefringence observed for the higher poly-a-olefins.
8In Sasaguri, Hoshino and Stein's treatment, a slightly different
model is assumed. One crystal axis (the b-axis for polyethylene) is assumed
to be radial, while the other two (the a and c axes) are perpendicular to
this and orient randomly about it. Upon stretching, the radius transforms
affinely so that a radius vector terminating at the point x, y, z on the
surface of the undeformed sphere terminates at A-jX, x^y, x^z on the surface
of the deformed ellipsoid, where X,
, \«» and A 3 are the ratios of the stretched
to unstretched dimensions of the sample in the x, y, and z directions, res-
pectively. The a and c axes are assumed to remain perpendicular to the b
axis during deformation as required by the crystal geometry, Figure 6b.
This model appears to be realistic in terms of morphology in that the locus
of covalent bonding between crystals appears to be along the spherulite
radius, with weaker secondary bonding between radii, tie chains. This is
experimentally consistent with the observed fibrillar nature of spherulites
and the observation that fracture most commonly occurs parallel to, rather
than perpendicular to, the radii. Thus it would appear that in small defor-
mation, the radius would preserve its integrity, and that the radial fibrils
(lamellae) change their angular orientation by slipping past each other.
Comparison of experimental results with the theoretical values from
the model of Sasaguri, Hoshino, and Stein indicates that the a-axis orienta-
tion is greater than predicted (70). Oda, Nomura, and Kawai propose a defor-
mation mechanism of the radial fibers in the lateral zone of the spherulite
to account for the enhanced a-axis orientation.
Crystal lamellae within the spherulite may be bound to each other's
tie chains, which run through from one lamellae to another along
the crystal
c-axis (71). When the spherulite is deformed, as shown in Figure 7, the
lamellae in the longitudinal zone may be squeezed out, and the lamellae
in the lateral zone may be splayed apart from each other. The lamellae in
the longitudinal zone may be deformed so that the crystal c-axis tends to
orient parallel and the b-axis perpendicular to the radial fiber axis, i.e.,
the crystals within the lamellae rotate around the a-axis accompanied by
the untwisting of lamellae. The lamellae in the lateral zone, on the other
hand, may be so deformed that the crystal c-axis tends to orient parallel
and the a-axis perpendicular to the plane including OZ and the fiber axis,
i.e., the crystals within the lamellae rotate around the b-axis so as to
untwist the lamellae. The former deformation may be irreversible in nature,
probably due to plastic deformation of the crystal along a slide plane such
as the 110 plane of polyethylene, while the latter may be of a reversible
nature. The model of Oda, Nomura, and Kawai gives better agreement for the
three crystal axes orientation behavior; however, some discrepancies still
exist. One of the possible reasons for this may be the invalidity of the
affine transformation assumption, especially for the lateral zone of the
spherulite where the deformation may be more complicated and more serious
than that predicted by the theories. Another possibility for the discrepancy
may be that of lamellar shear occurring at intermediate angles between the
polar and equatorial regions of the spherulite.
Further refinement of a deformation theory for spherulitic polymers
was proposed by Yoon, Chang, and Stein (72). At higher elongations the
birefringence of polyethylene becomes positive, indicating that there must
10
be some mechanism of crystal reorientation occurring. In addition to the
lamellae twisting mechanisms (70,73), a mechanism of chain tilting within
the lamellae about the crystal a-axis was introduced (74,75). These pro-
cesses are illustrated in Figure 8. The mechanisms occur to a different
extent in different parts of the spherulite and a set of empirical equa-
tions is used to describe the extent of each process.
At present the number of experimental data available limit the
unique characterization of all such processes. One process which is domi-
nant in one type of experiment may give a second-order contribution in other
experiments
.
Numerous experimental techniques have been employed in an attempt
to elucidate the various relaxation processes which occur in polyethylene.
In a subsequent section a survey will be made of these experimental methods
and the interpretation of the results in relation to the postulated mecha-
nisms.
D. Relaxation in Polyethylene
Determination of the mechanism of the relaxations observed in poly-
ethylene has been hindered by the extremely complex morphology of the melt-
crystallized polymer (76,77). Morphological features such as the conforma-
tion of the amorphous chain, the degree of crystall inity, and the size and
perfection of the crystallites greatly influence the magnitude and tempera-
ture of the transition (78). As a result of this complexity the interpre-
tation of these relaxations has produced a wide range of ideas by many
11
investigators. Emphasis here will be placed on the more prominent inter-
pretations. The accepted terminology of designating the relaxations with
Greek letters in order of decreasing temperature is used. The review will
concentrate on the a-relaxation mechanism with brief discussions of the B
and y transitions.
The y Transition .
A review of the literature reveals that the low temperature transi-
tion ( Y ) in polyethylene occurs at 130 + 20°K (78-81). A variety of mecha-
nisms have been proposed to account for this relaxation in melt crystallized
polyethylene. The original suggestion, dating back to the first measurement
of the dynamic mechanical properties of polyethylene (82,83) (1953), was
that the relaxation was due to motion of the polymer chains in the amorphous
regions. This suggestion was subsequently refined to motion in the amor-
phous regions of segments of the chain comprising three or four CH
2
units
(84). It was further proposed that this motion involves rotation about
colinear bonds, the so-called "crankshaft" model (85).
Experimental and theoretical approaches over the past 20 years
have continued to examine the nature of the y transition. Fisher and
Peterlin (86) attribute the y relaxation to the motion of disordered chain
segments at the surface of the polymer crystals. On the other hand,
Sinnot (81), Hoffman (87), 111 ers (88), and Takayanagi (89) conclude that
this relaxation arises at least in part from motion of defects in crystal-
line regions. In an examination of poly(ethylene-co-methacryl ic acid),
McKenna, et al
.
,
found that the y relaxation in this copolymer consisted
of two overlapping peaks (90). One of these peaks was attributed to defects
within crystals and the other peak to local motions of methylene units in
the glassy amorphous domains of the polymer.
Boyer (78), Bohn (91), and Schatzki (85) concluded from dynamic
mechanical measurements that this relaxation arises from the amorphous
regions of the polymer; however, they do not believe that this relaxation
corresponds to the primary glass transition of polyethylene. On the other
hand, there are several investigators who contend that the T
g
of polyethylene
is the y relaxation. Willbourn (84) concluded that dynamic mechanical data
obtained on linear polyethylene and branched polyethylenes support the
assignment of the y relaxation to T . Stehling and Mandelkern support the
Y transition as the T
g
of polyethylene from a study of thermal expansion,
calorimetry, and dynamic mechanical experiments.
Adiabatic calorimetric studies have been reported by Beatty and
Karasz (138) on ultra-high molecular weight polyethylene. Heat capacity
curves were obtained for samples of varying degrees of crystal 1 inity
together with data from other investigators. The principal conclusion
drawn is that a C
p
discontinuity centered around 145°K is observed in these
measurements of linear polyethylene. The magnitude of the discontinuity
is inversely related to the degree of crystal 1 inity of the sample and the
discontinuities observed show a qualitative similarity to the step-like
discontinuities observed in amorphous systems at temperatures unequivocally
associated with glass transitions.
13
Thus, despite the extensive work that has been reported, there is
no generally accepted explanation of the origin of the y relaxation and
no agreement concerning the glass transition of polyethylene.
The B Transition .
The 6 transition of polyethylene is present only in the branched,
low density polymer and exhibits a loss maxima at ca. 250°K. For linear
polyethylene the transition has been found to be either absent (81,91) or
barely detectable (88,92). There is a relationship between the number of
side-chain branches in high pressure polyethylene and the magnitude of the
6 relaxation (93) in dynamic mechanical measurements, and this has been
interpreted as indicating that the B relaxation corresponds to the primary
glass transition of polyethylene. The B relaxation was therefore attributed
to the relaxation of chain branches. Furthermore, since the density and
degree of crystal 1 inity of polyethylene decrease as chain branching
increases, this behavior is consistent with the view that the B relaxation
arises from the amorphous domains of the polymer. These observations,
together with dynamic mechanical measurements on ethylene containing
copolymers (94), led to the proposal that the B relaxation corresponds to
the glass transition of semicrystal 1 ine polyethylene (91,93).
Several other investigators (95,96) support these conclusions; how-
ever, there are other studies that are not in agreement. Stehling and
Mandelkern (80) examined expansion coefficients as a function of fractional
crystal 1 inity at temperatures above and below the B transition. They found
14
that the expansion coefficient below the reported 3 transition temperature
depends very strongly on the level of crystal 1 inity and varies by a factor
of more than three in going from the completely amorphous to the completely
crystalline state. In contrast, the coefficient of expansion below T in
g
other semi-crystalline polymers that have been examined (97-99) is nearly
independent of crystal 1 inity. They therefore conclude that the 3 relaxation
cannot be the primary glass transition.
Again, despite the extensive work that has been reported on polyethy-
lene, there is no generally accepted explanation of the nature of the 3
relaxation.
The ct Transition .
The a mechanical relaxation of polyethylene occurs in the temperature
range of 350 + 20°K depending on the morphological nature of the polymer.
The prevalent opinion appears to be that the reversible part of this loss
peak consists of two components. The low temperature part of this loss
(designated a-j ) has been associated with an interlamel lar "grain boundary"
slip process while the higher temperature process (c^) involves intracrystal
-
line motion and plasticity of the crystal itself (100).
A model for boundary slip was first proposed by Iwayanagi (101),
where lamellae of thickness D and shear modulus G are separated by a layer
of fluid of thickness d and viscosity n- Relaxation takes place under shear
stress as lamellae slide over each other. The logarithmic decrement 5 is
given at an angular frequency u by
6 = 1/wt
in which the retardation time ( T ) is given by
t = nD/Ga
Equation (1) predicts that at a constant u the measured value of 6
for a slip mechanism of this type should increase with increasing tempera-
ture (i.e., decreasing T ) and not reach a maxima. Experimentally, a maxima
is observed in a plot of logarithmic decrement versus temperature (102).
McCrum and Morris (102) developed a lamellar slip model different from
Iwayanagi's in that the lamella are restrained at pinning points (Figure 9).
The pinning points play the same role as the grain corners in the theory of
grain boundary slip in metals (103). The basic virtue of this model is that
the deformation is recoverable. The shear stresses between lamellae decay
to zero with increasing time but, as they do, the bending stresses in the
lamellae build up. On release of the external load the bending stresses
decay to zero causing the lamellae to glide back over each other to ulti-
mately reach the equilibrium positions from which they started. This model
predicts a relaxation with a peak in the logarithmic decrement unlike
15
(1)
16
Iwayanagi's model. From logarithmic decrement and creep compliance measure-
ments on polyethylene, McCrum and Morris conclude that the a
£
relaxation is
due to slip at lamellar boundaries while the tt] relaxation occurs within
the lamellae. Their model predicts full recoverabi 1 ity of the relaxation
and the retardation time of the a
2
relaxation to be a function of the com-
pliance of the lamellae, the viscosity of inter-lamellar material, and the
geometry of the lamellae.
A new concept on the nature of the a, relaxation mechanism of high
density polyethylene has been proposed by Takayanagi , et al . (104). According
to this new concept, an intermosaic block relaxation process is the origin of
the a
1
mechanism. The existence of a mosaic block structure in high density
polyethylene follows from the paracrystal 1 ine analysis of Hosemann (105).
Takayanagi, et al
.
, carried out dynamic mechanical measurements on
bulk crystallized and single crystal mats of polyethylene. The bulk crys-
tallized polymer exhibited two absorption peaks (c^ and a«) while the single
crystal mats had only one loss peak (a
2
). On the basis of several assumptions
the bulk crystallized curve is decomposed into two contributions arising from
the a-| and a* mechanisms. Takayanagi is then able to examine the individual
peaks and observe their response to various parameters.
Takayanagi argues that if the a-j relaxation arises from an inter-
lamellar relaxation process, the peak magnitude of the loss modulus must
decrease with increasing long period from a consideration of energy dissi-
pation resulting from the slip process. Takayanagi finds, however, that the
loss peak maximum of the a-| mechanism increases with an increasing long
17
period. From these results it is concluded that the interlamellar slip is
not the origin of the mechanism, and he introduces his mosaic block
theory (Figure 10). The mechanism is stated as being a viscous process
arising from motion between mosaic blocks while the mechanism arises from
motion within the crystalline region itself.
In addition to dynamic mechanical measurements, rheo-optical tech-
niques have been employed to determine the nature of the molecular motions
associated with the a-mechanical loss process in polyethylene (106). The
basic concept for the experimental techniques used consists of the observa-
tion of the optical responses of a material under sinusoidal deformation
and their correlation to responses of definite structural units. Rheo-optical
studies can involve observing the changes in x-ray diffraction, birefringence,
light scattering, and visible, infrared, and ultraviolet dichroism. Each
method is primarily sensitive to a particular aspect of the morphology and
the combined use of several helps to resolve the relatively complex deforma-
tion processes into constituent mechanisms. A detailed discussion of the
rheo-optical observations of the a loss mechanism in polyethylene will be
presented in the next section along with a background of the various rheo-
optical methods.
It is generally agreed that bulk crystallized polyethylene exhibits
two distinct "a" loss peaks. The origin of these mechanisms is still open
to debate and continues to be an active research problem.
18
E. Rheo-Optical Techniques
Dynamic Birefringence .
The theoretical and experimental development of dynamic birefringence
has been reported by Stein, Onogi and others (109,110). The discussion that
follows provides a theoretical background for the technique and reviews some
of the work that has been performed regarding the deformation mechanisms of
polyethyl ene.
The description of the mechanical response of a polymer in terms of
the complex Young's modulus E* is well known
E* = (a/e) = E' + IE"
where a and e are the stress and the strain. The real part, E\ represents
the portion of the modulus characterizing the part of the stress which is in
phase with the strain
E
1
= |E*|cos6
where 6 is the phase angle between the stress and strain.
E" represents the out-of-phase part
E" = |E*|sin6
Thus
|E*| 2 = (E 1 )
2
+ (E") 2
If
e = e
Q
exp (iwt)
then
o s o exp (iwt + i"6)
20
so
E* = (a/e) = (a
0
/e
0 )
exp(is) = |E*| [cosS + isinS]
A similar formalism may be introduced for the strain-optical coefficient
(K). The strain optical coefficient is defined as
K = A/e
where A is the birefringence. For a sample subjected to a sinusoidal strain
(e), the birefringence will differ in phase by an angle a
A = A
Q
exp ( icot + ia)
so that the complex strain-optical coefficient is given by
K* = (A/e) = (A /e ) exp(ict) = |K*| [cosa + isina] = K' + iK"
21
where the absolute value of the strain-optical coefficient is
and the real and imaginary parts are
k b * Ik* COSa
and
K" = IK* I sina
then
tana = K"/K'
22
and
K*| 2 = (K 1 ) 2 + (K") 2
The birefringence functions may be described by a relaxation func
tion similar to viscoelastici ty theory,
" J .22 d ln
-°° 1 + OJ T
and
K
" - f
°° (A - B) ojt
,
.
-
J 2 2
d ln
-»
I + OJ T
where A and B are birefringence spectra functions associated with elastic
and viscous processes (108-110).
The dynamic strain optical coefficient arises from contributions
from both the crystalline and amorphous regions. The crystalline contribu
tion to the strain-optical coefficient may be calculated from x-ray
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orientational compliance values, the volume fraction crystal 1 inity, and
the crystal refractive indicies (111-113). Combination of the dynamic
birefringence and x-ray experiment allows one to view the crystalline and
amorphous contributions to the strain-optical coefficient.
Stein, Tanaka, and Finkelstein (114) examined quenched and slowly
cooled low density polyethylene by both techniques. For the quenched sam-
ple, crystalline and amorphous contributions are comparable, and both
increase with increasing reduced frequency. In the annealed sample, the
crystalline contribution decreases with increasing frequency while the
amorphous contribution increases. Thus when samples are vibrated at high
frequencies the crystalline orientation is largely governed by a spherulite
deformation process and the amorphous orientation is large. At lower fre-
quencies the strain on the amorphous regions may be relieved by reorienta-
tion of the crystals within the deforming spherulites.
The effect of temperature on the dynamic birefringence of polyethy-
lene was studied by Yamada and Stein (115). The applicability of frequency-
temperature superposition of the strain-optical coefficient was demonstrated
by Takeuchi and Stein (116).
Takeuchi and Stein plotted the real part of the dynamic strain-
optical coefficient against frequency at several temperatures. These curves
were superposed to give a master curve by shifting along the frequency axis
by a horizontal shift factor. A plot of the logarithm of this shift factor
against 1/T leads to an activation energy of 25 kcal/mole (105 kjoule/
mole), which is comparable to that reported for the a-j -mechanical loss
process (88).
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Dynamic birefringence experiments have also been carried out on
high density polyethylene (106). The strain-optical coefficient for high
density polyethylene has an inflection in its frequency dependence at
about 0.1 cps whereas that for low-density occurs at about 1 cps (Figure
11). It is apparent that the crystals in high density polyethylene are
less mobile because of their larger size, amount, and greater perfection.
K
1 is greater for high density polyethylene than for low at low frequencies
because of its greater degree of crystall ini ty. However, the K' values
cross with increasing frequency so that at high frequency, the value for
low density is greater. This results from the fact that even though the
high density is more crystalline, the crystals are sufficiently immobile
so that they do not orient completely during a period of vibration at the
higher frequencies to contribute to K' as do the more mobile crystals in
the low density polyethylene.
The change in K' with frequency at room temperature is compared
with the change in E' , tana, and tan5 in Figure 12 (106). The inflection
in K 1 is seen to correspond to a maximum in tan6, the mechanical loss tan-
gent (the a loss peak). Its identification with the K
1 decrease confirms
the association of this loss peak to be interlamellar slip.
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Dynamic X-Ray Diffraction
.
The principles concerning the dynamic x-ray diffraction technique
have been reported by Stein, Kawai, et al . (117,118). A brief theoretical
discussion follows along with some results regarding the deformation mecha-
nisms of polyethylene.
The orientation of a particular crystal plane i can be described in
terms of a Hermans type orientation function (53,54) f.
3<C0S^ a.> - 1V—J
—
where a. is the angle between the normal to the i th crystal plane and the
stretching direction.
If a sinusoidal strain is applied to the sample
e = e
Q
+ (Ae) COS(u)t)
where oj = 2ttv and v is the frequency in Hz, e
Q
is the static strain, and
(Ae) is the dynamic strain amplitude, the orientation function of each
crystal plane also varies sinusoidal ly,
f
T "
f
oi
+
<
AV*
= f
oi
+
l
Af
i I
cos ( wt +
where the dynamic orientation function amplitude (Af.)* is a complex number
(Af.)* = (Af.)' + i (Af.)"
Here, the real part
(Af.)' = |Af. | cos X.
varies in phase with the strain, while the imaginary part
(Af.)" = |Af.| sin X.
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is 90 out of phase. A description regarding the evaluation of these terms
may be found in Reference 117.
The loss tangent for orientation is then
tan X
i
(Af.)7(Af.)'
The orientational compliance C-* may then be defined as
C.* = (3f./3e) = (Af./Ae)
= C..' + id"
= |C. |cos x + i|C.| sin x
The dynamic orientational compliances have been measured as a func-
tion of frequency and temperature for the various crystal axes in polyethy-
lene (111,113). The samples examined were low density PE which were either
quenched in an ice-water bath or slowly cooled. For the quenched sample,
the a and b axes orient in a similar fashion (perpendicular to the stretch
direction) and the c-axis orients positively (parallel to the stretch direc-
tion) with an increase in orientational compliance with increasing frequency.
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For the slowly cooled samples, on the other hand, the a and b axes behave
differently and the absolute value of orientational compliance passes
through a maximum with increasing frequency and then decreases at higher
frequencies.
At these higher frequencies, the b axis compliance is positive and
the c-axis compliance is negative; at the lower frequencies, the sign of
these compliances is reversed. The high frequency response is believed to
result from a spherulite deformation mechanism leading to the alignment of
the b axis parallel to the stretching direction; at the lower frequencies,
the contribution from crystal reorientation mechanisms within the spherulite
may be seen.
The decrease in the absolute value of crystal orientational com-
pliance with increasing frequency reflects the decreasing amount of crystal
reorientation within the spherulite that may occur as the period of the
vibration decreases. The mechanism of this reorientation is believed to
be primarily that of interlamel lae (or intermosaic) slip. The reversal in
frequency response at low frequencies (or high temperatures) is believed
to arise from the onset of crystal plasticity leading to a decrease in
crystal orientation with increasing vibrational period. The relaxation of
the more disordered crystals of the quenched sample is believed to primarily
be by this latter intracrystall ine process.
The difference in the relaxation mechanisms for the two samples is
seen in the difference in activation energies obtained from plots of the
logarithm of the shift factor versus 1/T for the two samples. The higher
activation energy of 50 + 5 kcal/mole (210 + 20 kjoule/mole) for the
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quenched sample is believed to be associated with the intracrystalline pro-
cess, while the lower activation energy of 25 + 5 kcal/mole (105 + 20 kjoule/
mole) found at the lower temperatures for the slowly cooled sample is
believed to be associated with the intercrystal 1 ine process. These
results agree fairly well with those reported by Takayanagi (119).
Birefringence Relaxation
.
Onogi and Stein (110) observed that if a polyethylene sample was
rapidly stretched and held at a fixed length, the birefringence continued
to increase with time, a result of the finite orientation time of the crys-
tals. This observation was interrelated to that of the vibrational experi-
ment by the extension of linear viscoelastic theory to birefringence.
Onogi, Asada, et al
. (120,121), extensively studied the application of time-
temperature superposition as applied to the relaxation of birefringence of
low and high density polyethylene and obtained curves of the sort shown in
Figure 13. The data necessitated the application of both a vertical and
horizontal shift to give a master curve. These studies led to an activation
energy of 34 kcal/mole (140 kjoule/mole) for low density polyethylene and
25 kcal/mole (105 kjoule/mole) for high density polyethylene. Onogi, et
al
. (121), explain that the need of a vertical shift factor results from
the temperature dependence, not of the degree of crystal! inity, but rather
of the mode and extent of crystallite orientation, accompanied by a varia-
tion of the mobility of molecular chains.
The application of superposition theory to birefringence and its
comparison with mechanical superposition indicate a correspondence between
the process responsible for crystalline orientation and those processes
related to the relaxation of stress.
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X-Ray Relaxation .
The observation of the time dependence of crystalline orientation
by wide-angle x-ray diffraction was first reported by Oda and Stein (122),
using a spring loaded stretcher and an image intensifier videotape recorder.
X-ray patterns were obtained in times of the order of 1/60 sec after
stretching and clearly show that crystal orientation occurs in a few tenths
of a second after stretching for low density polyethylene at room temperature.
The diffracted intensity changes were later recorded by a strip chart
recorder (123) and then a storage oscilloscope (114).
Stein, et al
. (124), looked at the time dependence of crystalline
orientation of quenched and slowly cooled low density polyethylene at several
temperatures and elongation ratios. The experimental procedure that was used
will be discussed in detail in a later chapter. The time dependence of the
a, b, and c axes orientation functions were reported at a series of tempera-
tures and elongations.
The b-axis orientation function first becomes positive shortly after
stretching before turning negative at longer times. This trend is consistent
with the vibrational observations (114) and clearly shows that at short times
the b-axis tends to align parallel to the stretching direction as expected
from affine spherulite deformation, but at longer times turns away from the
stretching direction, due to crystal reorientation within the spherulite.
The birefringence relaxation was also measured and the results indicate
that the change in birefringence occurs mostly in times of less than 0.01 sec.
Since stretching takes up to 0.01 sec, the increase in birefringence in this
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time interval principally arises from the increase in elongation of the
sample.
The variation of the crystalline contribution to the birefringence
calculated from the orientation function relaxation data, as well as the
variation of the amorphous component, obtained by difference, is shown
in Figure 14. The crystalline contribution to the birefringence increases
at a slower rate than the total birefringence. Consequently, the bire-
fringence at short times arises mostly from amorphous orientation in agree-
ment with the vibrational studies cited earlier (114).
With increasing temperature, the internal crystalline orientation
process occurs more rapidly and the shape of the relaxation curve changes.
As a result of this change in shape, the exact application of time-temperature
superposition is not possible. To produce a master curve a vertical as well
as a horizontal shift must be applied. Activation energies obtained for the
a, b, and c axis orientation functions ranged from 6 to 14 kcal/mole (25 to
60 kjoule/mole)
,
considerably lower than those obtained from dynamic x-ray
diffraction. The difference may be partially related to the fact that the
vibrational experiment involves steady-state reversible orientational
changes, while the relaxation experiment may involve irreversible changes (125).
Infrared Dichroism .
Initial studies of crystalline and amorphous orientation relaxation
behavior in polyethylene using infrared dichroism have been reported by
Onogi, Asada, et al . (126), and Uemura and Stein (127). Infrared dichroism
has the advantage that particular bands are associated with the absorption
by particular parts of the structure (128).
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For a uniaxially oriented polymer sample, the absorbance (Ay)
measured with radiation polarized in the stretching direction may differ
from the absorbance (A^) determined for radiation polarized perpendicular
to this direction. The dichroic ratio (D) is given by
D = A ll/A|= e||/e.
where e is the absorbance per unit thickness of the stretched sample (129).
The orientation of polymer chains can be defined by an orientation function
(f) (54)
f =
3<cos^e> - 1
where 8 is the angle between the stretch direction and the axis of the
chain segments. The relationship between f and D for a particular absorption
band is (130)
f= fD-1
D + 2
_o
I D+2 I \ D - 1
v / v o
D = 2cot
2
cf,
0
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where
*
is the angle between the chain axis and the transition moment direc-
tion for the vibrational mode responsible for the infrared absorption. Mea-
surements of D can thus be used to evaluate f if * is known.
For polyethylene, the uniaxial orientation functions of crystal axes
a and b, and f
g
,
can be evaluated from the dichroic ratios for the 730
and 720 cm"
1
bands, D
?20 and D73Q , by the following relations (131):
f
6
=(D
720 -l)/(D720+ 2)
The c-axis orientation, f
, is then determined through the relation
f + f + f = 0
a 3 £
The amorphous orientation function f is evaluated from the dichroic
a
ratio D for the amorphous bands at 1303, 1352, and 1368 cm"
1
by
V ( D1303- 1)/(D1303 +2 >
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f
a
1352
"
< D1352 " 1 >/( D 1352
+ 2 >
f
a
1368
= (D
1368 - l)/C1368 + 2)
Onogi, et al
.
(126), measured time dependent orientation functions
for annealed low density polyethylene. The infrared dichroic ratios for
the two crystalline bands at 720 and 730 cm' 1 were measured during stress
relaxation tests over a temperature range of 25 - 70°C. Initial strains of
2.5% were applied to the films. The ratio of the orientation function to
the strain is plotted versus time and shown in Figure 15 for the a-
axis. Onogi uses F^, F
,
F
£
to designate the crystal axes orientation.
These are equivalent to the previously defined functions f , f , f .
a 8 e
It is evident that F^ and F
g
are negative over the entire range of
time covered in the experiment and increase with increasing time until an
equilibrium value is reached. The negative orientation indicates that the
axes are aligning perpendicular to the stretch direction in agreement with
x-ray diffraction results (124).
These results are very similar to that of the strain optical coeffi
cient (a/y) for the same material reported in another paper (120). It fol-
lows, therefore, that the time dependence of the strain optical coefficient
of low density polyethylene is closely related to and probably determined
by the crystalline orientation.
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The dichroic ratios for the amorphous bands at 1303, 1352, and
1368 cm"
1
were also determined by Onogi
, et al . (126). From the dichroic
ratio at 30 minutes the amorphous orientation function F was evaluated- I
its ratio to the strain is plotted against temperature in Figure 16. It
is evident that the values obtained for VJy from each of the three amor-
phous bands shows fairly good agreement. F^/ y is relatively constant at
temperatures below 40°C, but decreases with increasing temperature, indi-
cating a decrease in amorphous orientation at higher temperature.
In Figure 17, F^/y from D]352 at 30°C is plotted as a function of
time. F
a
/ Y is essentially independent of time, quite different from the
strain optical coefficient and the crystalline orientation. This result,
therefore, also supports the conclusion that the variation of the strain
optical coefficient with time is determined by the crystalline orientation.
Time-temperature superposition was applied to the time dependent
curves of F^, - F
a /Y
> and -F
g
, and the shift factor determined in the
course of the superposition was used to calculate an activation energy.
The superposition was satisfactory at temperatures below 40°C, while the
curves above 50°C could not be superposed well. An activation energy of
22.0 kcal/mole (92 kjoule/mole) is obtained for the crystalline orienta-
tion functions. This value agrees fairly well with those obtained for
polyethylene by various rheo-optical methods (132).
Onogi, et al . (126), consider that the rheo-optical dispersion, that
is the increase in the strain optical coefficient and crystalline orientation
functions with time and temperature, corresponds to the a-j relaxation.
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F. Melting-Recrystallization Theory
All of the theories and results discussed to this point view plastic
deformation of semi-crystalline polymers as involving the sliding or tilting
of lamellae. The integrity of the lamellae and that of the molecules involved
in them is preserved in the course of the process.
Recently, Flory and Yoon (133) argue that these deformation processes
are not possible owing to the nature of the lamellar morphology. The folded
chain model with adjacent re-entry is contradicted by evidence from the
analysis of the density, thermodynamic properties and lamellar thickness in
relation to molecular weight and temperature of crystallization (134-136).
The morphology that Yoon and Flory envisage is represented in Figure
18. Successive sequences in a given layer of the crystal lamella are con-
tributed by a plurality of molecules, instead of by only one as the regularly
folded model requires. Return of a given chain to the lamellae from which it
emerges occurs frequently for reasons which are implicit in the randomness
of the chains in the amorphous phase on the one hand and restrictions on
volume on the other (137). Return to an adjacent site must be comparatively
rare, however.
It is noted by Flory and Yoon that the first sequences of a molecule
to undergo crystallization may be remote from one another along the length of
the molecule. These sequences may enter the same or different layers at the
edge of the lamellae. A given molecule becomes affixed to the crystal by
incorporation of several sequences distributed over the length of the
molecule, before a major fraction of that molecule can crystallize. Hence,
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the preponderance of the sequences acquired by the crystalline layers are
contributed by molecules that already have become engaged in crystal lamellae.
Overall rearrangement of such molecules cannot therefore occur.
Flory and Yoon conclude that neighboring crystal lamellae are pro-
fusely interconnected. These considerations of the molecular morphology in
semi-crystalline polymers further leads to the conclusion that larger, irre-
versible deformations, such as occur in plastic flow or cold drawing, must
entail either (1) rupture of molecular chains or (2) destruction of pre-
existing crystalline regions, that is, melting. The numerous connections
between lamellae preclude their movement relative to one another without
disruption either of the chemical structure or of the intermolecular mor-
phology. A decrease in molecular weight is not observed during plastic flow,
thereby eliminating process (1), and implicating process (2). The melting
of a small crystalline region thus induced will be followed by a recrystalli-
zation with a different array of sequences being incorporated in the regen-
erated crystallite in a pattern compliant with the prevailing stress.
Direct experimental evidence has not been reported that would either
support or disprove this theory, and it remains an active area of research.
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Captions for Figures
1. Fringed micelle model of Hermann, Gerngross, and Abitz (13,14).
2. Folded chain lamella model.
3. Regular chain folding with folded chains perpendicular to the
lamellar surface.
4. Representation of a spherulite.
5. Hosemann's paracrystal 1 ine model from Reference 42.
6a. Wilchinsky's model of an affine transformation of spherulites in
which the c-axis direction transforms as a line vector parallel to
the lamellae surface. Taken from Reference 66.
6b. Sasaguri
,
Hoshino, and Stein's model of spherulite deformation
where the a and c axis are assumed to remain perpendicular to the
b axis during deformation. Taken from Reference 66.
7. Oda, Nomura, and Kawai deformation mechanism. Taken from
Reference 71
.
8. Yoon, Chang, and Stein model of spherulite deformation mechanisms.
Taken from Reference 72.
9. McCrum and Morris model for lamellar slip restrained at pinning
points. Taken from Reference 102.
10. Takayanagi's mosaic block deformation mechanism. Taken from
Reference 119.
11. Plot of change in the real part of the dynamic strain-optical
coefficient and loss tangent versus temperature. Taken from
Reference 106.
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12. Plot of the change in K'
,
E\ tan a, and tan 6 with frequency at
30°C. Taken from Reference 106.
13. Variation of the strain-optical coefficient with time at several
temperatures for HDPE. Taken from Reference 120.
14. Variation of crystalline and amorphous contributions to the bire-
fringence during relaxation of LDPE. Taken from Reference 124.
15. The ratio of the a-axis orientation function to the strain plotted
versus time obtained by infrared dichroism. Taken from Reference
126.
16. The dichroic ratio of the amorphous orientation function F at
a
30 minutes after stretch versus temperature. Taken from Reference
126.
17. The dichroic ratio of the amorphous orientation from the 1352 cm
^
band versus log time at 30°C. Taken from Reference 126.
18. Yoon-Flory model for a semi crystal line polymer. Taken from Reference
137.
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CHAPTER II
EXPERIMENTAL
A. Wide-Angle X-Ray Relaxation
A special wide-angle x-ray diffraction unit was constructed for this
study. Measurements were made on a homemade goniometer using normal trans-
mission geometry. A General Electric XRD6 generator operating in a full
wave rectified mode powered a CA8L copper target x-ray tube. Normal
operating conditions for the tube were 45 kilovolts and 36 milliamps. A
1° divergence Soller slit was used to collimate the x-ray beam in conjunc-
tion with a 3° Soller receiving slit. The beam was filtered with nickel
o
foil to produce CuKa radiation of wavelength 1.54A. The diffracted radia-
tion is recorded by a scintillation detector (Canberra Electronics Model
1702), passes through a pulse height analyzer (Canberra Electronics Model
1718), into a linear ratemeter (Canberra Electronics Model 1480). The
linear ratemeter was modified so as to have a response time constant of 10
msec. The count rate was displayed by two means: (1) A Tektronix Model
5103N storage oscilloscope with a dual time base for short and long time
responses, and (2) a Universal Counter-Timer (Canberra Electronics Model
1790) which can be set to record digital counts at a preset time.
An electrical contact on the sample holder was used to provide a
pulse which triggered the oscilloscope at the instant of stretching. The
sample holder has a stretcher which is pneumatically driven and controlled
by valves to regulate the rate of strain. The sample holder is designed
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for both low and high temperature studies and can be rotated through an
azimuthal angle scan. A block diagram of the relaxation apparatus is
given in Figure 1
.
Pulse-Height Discrimination
.
A single channel pulse-height analyzer was used to sort the input
pulses on the basis of their amplitudes. An output pulse is passed to
the linear ratemeter only when the incoming pulse lies between selected
settings (base line plus window) of the analyzer. Since the amplitudes
of the pulses produced by scintillation counters are proportional to the
energy of the x-ray quanta, the analyzer can be set to pass only those
pulses lying between the analyzer settings.
The appropriate settings of the pulse-height analyzer can be
determined from a recorded integral curve in the following manner. A film
of PE is placed in the sample holder and the goniometer is set on the
strongest reflection (the 110 plane). Initial voltage settings on the
scintillation detector would be in the range of 800 - 1000 volts. In the
integral mode with the window wide open, the base line is lowered from a
maximum to a minimum setting, and intensities are recorded for each base
line setting. This procedure is repeated over a range of voltage settings
on the scintillation detector and a series of curves is plotted of inten-
sity versus base line for each voltage. The operating voltage is deter-
mined by selecting the curve with the greatest sigmoidal character, i.e.,
a plateau at both a low and high base line setting. The base line setting
for the pulse height analyzer is determed from the lower plateau region
and the window setting from the width between the plateau regions.
Figure 2 illustrates how the settings are determined.
Orientation Function Calculation
The geometry for the relaxation experiments is illustrated
Figures 3-5. The stretch direction is denoted by Z'.
From Bragg' s Law
X = 2dsine
H = S/A
b, = a, /a
H for hOO planes
H = h
]
a^a,
2
S = HA = h, —
A
I 2
now d = a
1
/h
1
and substituting 2(a,/h, )sine for a
2a, sine a,
S = —^ h
h
l
1
^
2
From Figure 3
S
Q
= i S, = (cos2e)i + (sin2e)j
S = (1 - cos2e)i - (sin2e)j
S = 2sine [(sine )i - (cose)j]
From Figure 4,
?1 " a ] C(sina coss)i* + (sina sin<5)j* + cosa k']
Substituting Equation (6) into (4) and equating with (5)
(sine)i - (cose)j = (sina cos6)i' + (sina sin6)j
+ COSa k'
i
1
= i
j
1
= cos^j - si ni|;k
k
1
= s i nipj + cos^k
•M mm **<
Substituting these identities into (5) and rearranging
cosa = cose sinij;
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What one measures experimentally is the distribution of 4, and relates
that to a.
J N(") COS a sina da<COS a> =
J N(a) Sina da
IU) dij, = K N(a) da
2
<COS a> =
-*/2
2
K / I(^) sin ii cos^ dijj
» 0
K / cosip dtp
The term cose does not allow the full measure of the distribution
in a. In our studies on polyethylene the largest e that is used is 12°
corresponding to the 200 reflection. The cos 12° = .978. The 110 and
200 reflections are both equatorial so that the error that arises from
the cose term is negligible.
If the reflections were meridinal, however, the error could be sub
stantial. This concern could be eliminated by tilting the sample by an
angle e instead of having it normal to the x-ray beam. The resulting
equation would then be
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cosa = s i nip
so that now the full distribution in a can be determined.
The orientation function f is defined as (1)
f = 3<COS g> - 1T
* 2
The orientation functions are calculated for the 110 and 200
reflections of polyethylene and from the unit cell geometry of polyethy-
lene the following equation can be derived (3)
f„ = 1.444f110
- 0.444f
20Q
From the law of cosines
f + f . + f„ = 0
a b c
64
By calculating the orientation of the 110 and 200 planes the
orientation of the a, b, and c crystal axes can be obtained.
Procedure .
The experimental procedure in the relaxation experiment is to set
the scintillation detector to a particular crystalline reflection and
have the sample holder at a set azimuthal angle. Initial intensity
readings are recorded by the Counter-Timer in digital form. When the
sample is stretched, the oscilloscope scan is triggered and the change
in intensity is recorded and stored on the oscilloscope screen. A pic-
ture is taken of the oscilloscope screen so that a permanent record is
kept for each experiment. Experiments are performed at various azimuthal
angles and orientation functions are calculated as a function of time.
Oda-Stein Method .
In the low density polyethylene relaxation experiments, time depen
dent orientation functions were calculated by obtaining time dependent
data at each azimuthal angle. It was found that the time dependence was
the same at all azimuthal angles, so that a short-cut procedure proposed
by Oda and Stein (4) was employed in subsequent measurements on high
density polyethylene. The orientation function was calibrated against
the intensity change at a single azimuthal angle (90° was chosen since
this is where the intensity change is greatest). The calibration curve
was obtained by measuring the static orientation function for HDPE at
several elongations on an automated diffractometer. The assumption is
then made that this calibration curve measured under static conditions
also applies to relaxation experiments.
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B. Automated Wide-Angle Diffractometer
Instrumentation
.
A North American Phillips x-ray generator with a Bridgeport goni-
ometer has been interfaced to a Digital Equipment Corporation PDP8/E
mini-computer for automated diffraction scans. The mini-computer controls
motor drives for Bragg (2e) and azimuthal angle (*) scans. CuKa radiation
is used in the diffraction experiment with a symmetrical transmission
geometry. The diffracted intensity is recorded by a scintillation
detector, passes through a pulse height analyzer, and is output to a
linear ratemeter and counter-timer. The program is set up so that at a
specified angular position, diffracted intensity will be recorded for a
preset time or count (whichever comes first) and the angular position,
time, and count is output on to a teletype.
Procedure .
There are no angular encoders on the goniometer so that when the
program is activated the angular position of the 2e and azimuthal position
must be input through the teletype to the computer. The computer will
keep track of the angular position once this is performed.
After the angular positions are established, a preset time and
count is input into the computer. This program operates in the following
way:
1. If the preset count is achieved first, the computer will output
the count and the time taken to reach that count.
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2. If the preset time is achieved first, the computer will output
the time and number of counts recorded in that time period.
The ability to move the motors is accomplished through the execu-
tion of a sector. A sector contains the information necessary to perform
an experiment. When you type into the teletype ADD you create a sector.
In the sector one indicates which motor is to be moved, the initial and
final positions, and the angular increments for each motor.
The degree of crystallinity for an unoriented sample is obtained
by scanning through the Bragg angle (2e). The program can create sectors
which have different angular increments so that in regions where there is
little variation in scattering intensity, the angular increments may be
large, while in regions where there are scattering peaks the increment
can be smaller.
The uniaxial orientation of a crystalline plane can also be deter-
mined by the automated diffractometer. The scintillation detector is set
at the 2e reflection peak of the plane and the sample is rotated through
the azimuthal angle from 0 - 90°. The orientation function calculation
has been described in an earlier section.
The data is output on paper tape in addition to the teletype
output. Computer programs can then correct the data for analysis. Appen-
dix 1 contains the correction program along with the documentation for the
interface program. Figure 6 is a block diagram of the automated diffrac-
tometer.
67
Sample Preparation
.
Pellets of low and high density polyethylene were melt pressed at
150°C and 15,000 psi in a Pasadena press, Model 225C for 10 minutes. The
films were either quenched in an ice-water bath or slowly cooled in the
press (a process which takes several hours).
Sample Specifications
M8011 MPE 200
Density (gm/cc) 0.923 0.952
M
n 17,000 15,500
M
w 110,000 163,000
Branches per 1000 c/s 25 2.9
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Captions for Figures
1. Block diagram of the x-ray relaxation experiment.
2. Process of determining pulse height analyzer settings by
evaluating energy profile curve.
3. Normal transmission geometry for x-ray relaxation experiment.
4. Coordinate system to define orientation with respect to stretch
direction.
5. Coordinate representation of the azimuthal angle.
6. Block diagram of the automated wide-angle x-ray diffractometer.
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CHAPTER III
CRYSTALLINITY STUDIES
A. Introduction
The fringed micelle model (1) and the more recent folded chain
model (2) are founded on the assumption that a crystal 1 izable polymer
has two phases. X-ray diffraction patterns of polymers exhibit broad
but distinct crystal-like Bragg reflections superimposed upon a back-
ground of diffuse liquid-like scattering (3). The degree of crystal-
linity is an important factor governing the physical properties of a
polymer and it is imperative to have established techniques to measure
this quantity. Some of the methods that have been used to measure crys-
tallinity are: NMR (4), infrared spectroscopy (5), density, calorimetry,
and x-ray diffraction.
Generally, the methods of measuring polymer crystal 1 inity have
relied on the following definition of the degree of crystal 1 inity. Let
p
1
be a particular measurable intensive property of a polymer. An
apparent degree of crystallinity is defined on the basis that the solid
is composed of an ideal crystalline state and an ideal liquid-like phase
whose partial properties (p
c
°) 1 and (P
a
V are additive. Thus, if the
degree of crystallinity is x , then
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P
1
= x
1
(p^)
1
+ (1 - x
1
) (p V
A superscript is placed on the apparent degree of crystal 1 ini ty since a
substance composed of non-ideal phases will in general show a different
apparent degree of crystal 1 inity by this definition for each property
The conventional method (6,7) used to determine the degree of
crystal 1 inity by x-ray diffraction is to determine the relative ratio of
crystalline to total scattering area from a plot of corrected diffracted
intensity vs. Bragg angle. A more correct approach has been described by
Ruland (8) who has proposed the equation
measured. Rearranging and solving for x
,
one finds
cr
o
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where X
c
is the weight fraction crystal 1 inity, S is the magnitude of the
reciprocal space vector S = (2sine/A), I
cr
is the part of the coherent
scattering at S under the crystalline peak and I is the total area under
the total coherent diffraction, f2 is defined by
0 EN, f,
I N.
2
where N. is the number of atoms of type i having scattering factors, f..
D(s) is a disorder function which takes into account the loss of intensity
concentrated at reciprocal lattice points due to deviations of the atoms
from their ideal positions. To a first approximation for unoriented
2
systems, this may be taken as exp(-ks ), where k is a parameter charac-
terizing the extent of disorder which includes the effects of both thermal
fluctuations as well as lattice imperfections.
In practice, the integrations are taken over a finite range (from
S to S ) so that it may be written in the formop' J
f
S
p s
2
i
cr
(s) dS
X
c
• K(S
Q ,
S
.
D, f) -Jj
/.
P
S
2
I(S) dS
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K is a correction factor for thermal fluctuations and is defined as
K =
2 -2r DdS
Ruland has prepared theoretical curves of K versus S
p
for several
degrees of disorder (k). In a disordered polymer K will vary depending
on the integration limits; therefore, a small k must be found which will
give K values that result in constant degree of crystal 1 inity independent
of the integration limits of the experiment.
Krimm and Tobolsky (9) were the first to examine how the degree
of crystal 1 inity of polyethylene varied as a function of temperature.
Since then numerous investigators have studied this phenomena using
several techniques.
A low density polyethylene (M8011) was compression molded at 150 C
under 15,000 psi for ten minutes and then slowly cooled under pressure at
the natural cooling rate of the press, a process which takes several hours.
The film thickness was 0.045 in. The automated wide-angle x-ray diffrac-
tometer described in the Experimental section was used in this study. The
sample chamber was equipped with heating plates which were used for the
B. Experimental
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elevated temperature experiments.
The x-ray diffraction scan was divided into five sectors covering
an angular range of 10 - 60° (2e). Each sector used angular increments
consistent with the scattering pattern for that region. For the angular
range 17 - 25° (2e), the increments were 0.04° (2e). The data was output
on paper tape, and the recorded intensities were corrected by a computer
program using the following equation.
CI = [I
ex
" C " ! bk
e"
utSece ][2/l + cos
2
e] [cose e^ tseC9 ]
Incoherent scattering C is
C - I - IK, e^
tsec6
ex bk
where the experimental and background intensities are taken at the largest
Bragg angle. 1^ 1S the background intensity obtained without a sample
in the beam, y is the absorption coefficient of the sample and d is the
thickness.
2
The program calculates CI, S, and RCI CI sin e cose, which are
then used in the Ruland analysis.
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Crystal 1 ini ties were determined at eight temperatures covering a
range of 23 - 112°C.
C. Results and Discussion
2
A plot of IS versus S for the low density polyethylene at 100°C
is illustrated in Figure 1. The scattering curve is divided into three
regions; S
]
(.10 - .32), S
2
(.10 - .46), and S
3
(.10 - .64) in accordance
with Ruland's method. The shape of the amorphous component to the scat-
tering curve was determined by normalizing Krimm and Tobolsky's melt data
(9) to the amorphous area of the scattering curve. The ratio of the crys-
talline to total scattering area was determined by cutting and weighing
2
the plot of IS versus S. The crystalline to total area ratio did not
differ significantly in the three regions at any of the temperatures. This
result indicates that the correction factor for thermal fluctuations K
(defined earlier) is equal to one for polyethylene over the temperature
range examined.
Figure 2 is a plot of the degree of crystal 1 ini ty versus temperature
for the low density polyethylene. The crystall inity remains relatively
constant up to a temperature of 70°C after which it begins to decrease
rapidly. These results are in good agreement with those obtained by Krimm
and Tobolsky along with many other workers.
A series of light scattering experiments performed by Dr. S. Baczek
in this laboratory measured the maximum in scattered intensity as a function
of temperature. The degree of crystallinity results from the x-ray analysis
79
were then used to calculate the scattered intensity one would obtain from
the light scattering equations. The experimental intensity predicts a
higher degree of crystal 1 inity than that which is measured by x-ray dif-
fraction. A possible explanation for this observation is that when a
crystal melts some order is still retained due to the constraints of
unmelted lamellae and amorphous tie chains. These "ordered" chains still
contribute to the anisotropy and hence the light scattering measurement
while they cease to contribute to the crystalline scattering phase detected
by wide-angle x-ray diffraction.
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Captions for Figures
2
1. Plot of IS versus S for LDPE at 100°C.
2. Plot of the degree of crystal 1 inity versus temperature for
slowly cooled LDPE.
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CHAPTER IV
X-RAY RELAXATION STUDIES ON LOW AND
HIGH DENSITY POLYETHYLENE
A. Introduction
The direct observation of the time dependence of crystalline
orientation following deformation in polyethylene was first reported by
Oda and Stein (1) using wide-angle x-ray diffraction. An image inten-
sifier was used to monitor the x-ray diffraction pattern and the output
was recorded on videotape. X-ray patterns were obtained in times of
the order of 1/60 second after stretching and clearly show that crystal
orientation occurs in a few tenths of a second after stretching for a
low density polyethylene at room temperature.
Quantitative results were obtained by using a counting technique
in series with a storage oscilloscope to record short time changes (2).
This method had a disadvantage in comparison to the videotape method in
that it measured only one azimuthal angle at a time instead of the entire
scattering pattern. Quantitative orientation functions could be obtained,
however, by performing relaxation experiments at several azimuthal angles.
Studies were carried out by Stein, et al . (5), on low density polyethylene
to determine the time dependence of the a, b, and c crystal axes orienta-
tion functions. Relaxation experiments were performed at a series of
temperatures and activation energies were calculated for the a, b, and
c axes orientation functions.
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B. Experimental
A Monsanto experimental low-density polyethylene, M8011 (d =
0.923 gm/cc, M
p
= 1.7 x 10
4
, ^ = 1.1 x 10
5
) and high density polyethy-
lene, MPE 200 (d = 0.952 gm/cc, M
n
= 1.55 x 10
4
,
M
w
= 1.63 x 10
5
) were
melt pressed at 150°C and 15,000 psi in a Pasadena press, Model 225C,
for 10 minutes. The films were either quenched in an ice-water bath or
slowly cooled in the press (a process which takes several hours).
The films were 0.030 in. thick and cut into strips 8.0 x 1.3 cm.
The sample strips were placed in the holder and the scintillation detector
was set at either the 110 or 200 crystal reflection. Initial intensity
readings were recorded by averaging several ten second counts from the
Counter-Timer. The strain rates employed in this study ranged from 50 -
1250%/sec depending upon the type of polyethylene and the temperature of
the experiment. The time constant for the linear ratemeter and oscillos-
cope was determined and the procedure for this is given in the following
paragraph.
A piece of lead was placed in the sample holder partially blocking
the x-ray beam. The triggering mechanism was set up for the oscilloscope
and the lead was rapidly moved (0.01 sec) by the pneumatic stretcher out
of the x-ray beam. A ramp-like function in intensity was recorded on
the oscilloscope. The time it took to reach 95% of the total intensity
change was 0.050 sec.
The relaxation experiments were performed at several azimuthal angles
for the 110 and 200 reflections and time dependent orientation functions are
calculated by the procedure described in an earlier chapter.
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C. Results and Discussion
Relaxation experiments were carried out at room temperature (23°C)
on low-density polyethylene (M8011) at two elongation ratios (a = 1.1
and 1.25). The films were rapidly stretched (-0.02 sec) and held at a
fixed length. The oscilloscope was triggered at the instant of stretching
and recorded the change in intensity at short times (20 msec/div.) and
longer times (0.2 sec/div.). The Counter-Timer was used to record the
final intensity so that the oscilloscope trace could be calibrated in
counts/second. A relative intensity was calculated by taking the inten-
sity at a time (t) and dividing by the initial intensity. The relative
intensity is corrected for the change in sample thickness upon stretching
and background scatter. Experiments were performed at several azimuthal
angles at both the 110 and 200 planes. The relative intensity at a time
(t) after elongation is plotted as a function of azimuthal angle
(Figures 1 and 2). The relative intensities were corrected for background
scatter and the change in sample thickness upon stretching. A Lorenz
correction or polarization correction was not necessary since the experi-
ments were performed at a constant Bragg angle. A slight peak overlap
correction was necessary for the LDPE while for the HDPE the peaks were
sufficiently resolved that the correction was negligible. From Figures 1
and 2 the orientation functions can be calculated (see Chapter II) at any
time (t) after stretching.
The first samples studied were films of quenched LDPE which had a
degree of crystal 1 inity of M% as measured by wide-angle x-ray diffraction.
Figures 3 - 5 show the a, b, and c crystal axes orientation as a function
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of time at elongations of 10 and 25%. The c-axis orients parallel to
the stretch direction while the a and b axes orient perpendicular, in
agreement with earlier results (3). There was, however, no observation
of an initial positive b-axis orientation as was reported in earlier
work (3). A likely explanation why this was not observed is that the
time at which the b-axis orientation is positive is too short to measure
with the time constant limitations of the experiment.
The orientation of the three crystal axes continues to change
after stretching. At approximately 0.2 sec after elongation 90% of the
orientation has been attained. These results agree fairly well with
those obtained in earlier x-ray relaxation experiments (1,3).
The next sample that was examined was a slowly cooled LDPE that
had a degree of crystall inity of 53% as measured by wide-angle x-ray
diffraction. The a, b, and c-axis orientation functions are calculated
and plotted versus time along with the quenched data in Figures 6-8.
The orientation values at t^ are equated through a simple normalization
for comparative purposes.
The time it takes to reach 90% of the orientation for the slowly
cooled sample is equivalent, within experimental error, to the time it
takes for the quenched sample. Results from dynamic x-ray diffraction
experiments indicate that there are differences between quenched and
slowly-cooled LDPE (4). These differences can be explained by examining
the nature of the deformation occurring in the two techniques. In the
dynamic x-ray experiment a small (-1%) oscillatory strain is put on the
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sample while in the x-ray relaxation experiment a 10 - 25% strain is
applied and held to the sample. The dynamic experiment produces rever-
sible changes with the small strain while the relaxation experiment
produces irreversible changes which may account for the differing results
of the two techniques.
To obtain activation energies for the crystal axes orientation
process the relaxation experiments must be performed at a series of
temperatures. At a higher temperature the relaxation time would decrease,
making the measurement extremely difficult. Lower temperature experiments,
while feasible, present a number of experimental difficulties. The LDPE,
therefore, does not lend itself to an easy time-temperature study.
The rate of crystalline orientation is directly related to the
mobility of the crystalline phase in a semicrystall ine polymer. An increase
in the degree of crystal 1 inity will decrease the crystalline mobility and
slow down the orientation process.
With this in mind, the next polymer that was examined was a HDPE
(MPE 200). The sample specifications are given in Chapter II. Films were
melt pressed and quenched in an ice-water bath similar to the procedure
described earlier. The degree of crystal 1 inity for the quenched films was
78% as measured by wide-angle x-ray diffraction.
The high density films were stretched at a rate of 50%/sec, approxi-
mately an order of magnitude slower than the rate used for the LDPE. The
HDPE has a greater modulus and a faster stretching rate produced failure
at the clamps. The higher crystall inity also affected the range of
elongation ratios that could be used. A minimum elongation of 5% was
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needed to produce a measurable difference while a maximum of 10% could be
applied without severe necking or fracture occurring.
Initial experiments confirm that the rate of crystalline orientation
is slower for the HDPE than for the LDPE. For the quenched films at room
temperature 90% of the orientation was achieved in approximately 10 3
seconds.
As a result of the longer relaxation times a short-cut method pro-
posed by Oda and Stein (5) was used for the relaxation studies of HDPE.
In the LDPE relaxation experiments it was found that the time dependence
of the orientation functions was the same at all azimuthal angles. The
azimuthal independence allows one to determine the orientation function
by taking data at a single azimuthal angle (90° was chosen since this is
where the intensity change is greatest for the 110 and 200 reflections).
A calibration curve is obtained by measuring the static orientation func-
tion at several elongations on an automated diffractometer. The orienta-
tion functions calculated from these scans are then plotted versus the
relative intensity at 90° for the 110 and 200 planes (Figures 9 and 10).
Now a measure of relative intensity at 90° can directly give a value of
the orientation function. The assumption is made that this calibration
curve measured under static conditions also applies to the relaxation
experiments.
All of the relaxation experiments performed on HDPE were done at
an azimuthal angle of 90°. The changes in relative intensity were measured
by the storage oscilloscope for short times and the Counter-Timer for
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longer times. The Counter-Timer was set to record 10 sec counts on a
recycle basis, that is, successive 10 sec counts. These counts were I
manually recorded and the relative intensities were evaluated by averaging
blocks of data (10 sec counts). Each block of data corresponds to a time
following elongation. Data were recorded until the relative intensity
remained constant, within experimental uncertainty, for several succes-
sive data blocks.
The first experiments performed using this short-cut procedure
were on a quenched HDPE at room temperature. The orientation of the
crystal c-axis is plotted as a function of time in Figure 11. The data
for the quenched LDPE is also plotted and the orientation function values
at tM are equated through a simple normalization for comparative purposes.
The rate of orientation is much slower for the HDPE than for the
LDPE, allowing one to acquire data more easily and with a higher precision
The longer relaxation times made it possible to perform the relaxation
experiments at an elevated temperature.
A variac regulated a pair of heating plates in the sample holder
for the elevated temperature experiments. A constant temperature was
reached and held for thirty minutes before the relaxation experiment
began. The temperature was monitored by an i ron-constantan thermocouple.
Relaxation experiments were performed at several temperatures for
the quenched HDPE samples. A plot of the c-axis orientation function
versus time is given in Figure 12. The curves are normalized to give
the same orientation at t for comparative purposes. As the temperature
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is raised, the time it takes to reach the same orientation value is
reduced.
Time-temperature superposition was applied to the data in Figure
12 in an attempt to produce a master curve and calculate an activation
energy for the relaxation process. A simple horizontal shift, however,
was unable to superpose the data on to a master curve. Onogi , et al
.
(6), have examined the temperature dependence of the strain-optical
coefficient and the crystal orientation function obtained by infrared
dichroism for quenched HDPE. A simple horizontal shift of their data
also failed to produce a master curve. To achieve superposition, Onogi
applied both a vertical and a horizontal shift to his data to calculate
an activation energy for the relaxation process.
In the analysis of the x-ray relaxation data, a horizontal shift
0 2
was applied to a region from 10 to 10 sec and also a region from
? 4
5 x 10 to 5 x 10 sec. Two sets of shift factors were obtained by this
analysis and a master curve constructed from the data (Figure 13). The
shift factors from the short and long time regions should give the range
of activation energies during the relaxation process. Arrhenius
1 theory
was used to calculate the activation energies.
The shift factor a T is defined as
a
T
= fU^/f^)
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f is the orientation function. The natural log of the shift factor is
plotted versus 1/T °K and the activation energy is obtained by calculating
the slope and multiplying it by R, the gas constant, equal to 8.33 joule/
mole °K. The short time data gave an activation energy of 125 kjoule/
mole (Figure 14) while the long time data yielded an activation energy of
85 kjoule/mole (Figure 15). A propagation of error analysis calculated
an error of + 30 kjoule/mole for both values (see Appendix II).
The next sample examined was a slowly-cooled HDPE which had a degree
of crystal linity of 83% as measured by wide-angle x-ray diffraction.
Relaxation experiments were performed at several temperatures and the
results are shown in Figure 16 for the c-axis orientation function. Hori-
zontal shifts are again applied to the short and long time regions defined
earlier to produce a master curve, Figure 17. Because of experimental
uncertainty, the difference in the shift factors calculated from both
regions was not significant. An average of the shift factors from the
two regions was used to calculate an activation energy. From the slope of
the plot of In a
T
versus 1/T °K, an activation energy of 85 + 30 kjoule/
mole is obtained (Figure 18).
There is a high degree of uncertainty in the data so that any
attempt to account for the difference between the quenched and the slowly
cooled results must be guarded.
A comparison of these results with those reported by other investi-
gators shows excellent agreement both in the relaxation times and the
activation energy values. The strain-optical coefficient and relaxation
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modulus were simultaneously measured for quenched HDPE at several tempera-
tures by Onogi, et al . (7).
Figure 19 shows the time dependence of the strain-optical coeffi-
cient at several temperatures. The time it takes to reach an equilibrium
value at a given temperature agrees very well with the results from the
x-ray relaxation studies (Figures 12 and 16). A comparison of the relaxa-
tion curves indicates that at the same temperature the strain-optical
coefficient relaxes at a slightly faster rate than the orientation func-
tion. The degree of crystal 1 inity of the polyethylene used by Onogi was
65% compared to the 78% for the quenched and 83% for the slowly cooled
used in this study which may account for the difference. The activation
energy reported by Onogi from the strain-optical coefficient data is
105 kjoule/mole, again in good agreement with the values calculated from
the x-ray relaxation data.
The need for a vertical shift in the treatment of viscoelastic
data of high density polyethylene has been reported to arise because of
a variation of crystal! inity with temperature (8-10). Onogi proposes (6)
that if the degree of crystal 1 inity decreases with increasing temperature,
there should be a decrease in birefringence.
Orientation of the chain axis, however, should produce an increase
in birefringence which would more than compensate for this decrease.
Experimental results presented by Onogi (6) (Figure 20) show that an
increase in the reduced orientation function with temperature stands a
comparison with the increase in birefringence only if the crystallinity
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is unchanged. It was reported earlier in this study that up to a tempera-
ture of 70°C the crystal! inity remained constant for a low density poly-
ethylene. These results suggest that the inability to superpose the
data by a simple horizontal shift is not related to any variation in the
crystal 1 inity with temperature.
Onogi, et al
.
(11) also measured the crystalline orientation of
high density polyethylene by the infrared dichroism technique. Figure 21
shows the variation of the reduced orientation function and the strain-
optical coefficient with time at 30°C. The similarity in shape of the
two curves indicates that the variation of the strain-optical coefficient
with time is related to the orientation of the crystallites. The variation
of the orientation function with time obtained by the infrared dichroism
technique agrees very well with the results from the x-ray relaxation
experiments. Infrared dichroism measurements were made at several tempera-
tures and time-temperature superposition was applied to the data. A
vertical shift was needed to produce a master curve. An activation energy
of 95 kjoule/mole was reported for the high density polyethylene, again in
good agreement with the value obtained by x-ray relaxation.
In his treatment of data, Onogi plotted the strain-optical coeffi-
cient as a function of temperature at 1 sec and at equilibrium (Figure 22).
He ascribed the rheo-optical dispersion observed for high density poly-
ethylene at about 80°C to the a-j dispersion and considered it to be
associated with the bending and twisting of lamellae. The position of
the maxima of the strain-optical coefficient and the orientation function
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is dependent upon the degree of crystal 1 inity of the sample. For a low
density polyethylene the maxima occurs at 40°C while a medium density
polyethylene exhibits a maxima at 60°C (7). In the x-ray relaxation
experiments no maxima was observed; however the highest temperature
studied was 50°C.
The activation energies obtained by the x-ray relaxation experi-
ments suggest that it is the transition which is observed in this study.
A further comparison of these results with an analysis by Takayanagi will
also support this assignment.
Takayanagi (12) studied the dynamic mechanical properties of bulk
crystallized HDPE. Takayanagi was able to separate the a-j and a
2
transi-
tions and examine the temperature dependence of each. The activation
energy reported for and a
2
was 125 and 190 kjoule/mole respectively.
A transition map for a-j and a
2
was prepared by plotting E"
max
versus 1/T °K.
Two separate regions exist on the transition map corresponding to a-j and
a
2
(Figure 23).
In the x-ray relaxation experiment the maximum change in the orien-
tation function occurs in a time ranging from less than 1 sec to 5 sec after
stretching depending upon the temperature of the experiment. Converting
this time to log frequency and plotting it on the transition map clearly
shows that the transition falls in the region. This result, in addition
to the agreement in activation energies, clearly suggests that the x-ray
relaxation data manifests the a-j transition.
It has generally been stated that the a-j relaxation is associated
with an interlamellar process while the a 9 relaxation is associated with
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an intracrystalline process (13). Dielectric relaxation studies of
copolymers of ethylene and carbon monoxide lend support to these assign-
ments (17). These copolymers have an advantage over oxidized polyethy-
lenes in that the polar group is known to be the carbonyl group and this
group can enter the crystal without appreciably perturbing the poly- I
ethylene crystal structure. Crystal structure analysis has demonstrated
that the carbonyl group lies in the crystal with its axis perpendicular
to the c-axis (18).
Dielectric studies of such copolymers have exhibited an extremely
strong a dispersion (13). Experiments were run on stretched films of the
copolymers where it was found that upon stretching there was an appreciable
increase in the strength of the dielectric loss for a field directed per-
pendicularly to the stretching direction (19).
A theory for the anisotropy for dielectric dispersion of this
polymer was developed (19) on the basis of the assumptions that (1) the
a dispersion results from the dipole of the carbonyl group in the crystal,
(2) the carbonyl group has its dipole directed perpendicular to the crystal
c-axis, (3) the motion of the dipole responsible for the dispersion is
rotation of the dipole about the crystal c-axis, and (4) the applied
electric field does not affect the crystal orientation distribution but
merely affects the distribution in rotational angles about the c-axis.
This theory leads to the prediction that the strength of the dispersion
should be related to the orientation function of the crystal c-axis.
Values of f calculated from dielectric anisotropy of elongated
c
films show very good agreement with values of f calculated by x-ray
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diffraction and IR dichroism. It is concluded that the a dielectric
relaxation must result from the twisting of carbonyl groups about the
c-axis within the crystal. The results are not consistent with processes
on the crystal surface since these could not account for the high depen-
dence upon orientation. Since the carbonyl concentration is low (-1%),
it is not likely that these groups will perturb motion of the polyethylene
chains appreciably so that the a relaxation may be associated with the
onset of rotational motion of the hydrocarbon chains with crystals.
It is noted that only a single dielectric a relaxation is found.
This is reasonable since it does not seem possible that the orientation
change of lamellae could couple with an applied electric field. Thus it
is felt that an interlamellar process is not active dielectrically and
the active process is an intracrystal 1 ine one.
Takayanagi, et al
. (14), have proposed a novel concept concerning
the nature of the a-, relaxation mechanism based on Hosemann's paracrystal-
line theory. The leading mechanism of deformation at the a, transition
temperature is the breakdown of lamellar platelets into mosaic blocks.
The a-j mechanism is then related to the molecular motions in the inter-
mosaic region. According to the mosaic block theory, the intermosaic
regions contain crystal defects and the intensity of the a-j relaxation
is expected to be very sensitive to structural changes in the intermosaic
region. Takayanagi examined the influence of lamellar thickness on the
magnitude of the dynamic loss modulus at various temperatures. Takayanagi
argues that if the a-, relaxation arises from an interlamellar slip process
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the peak magnitude of the loss modulus must decrease with increasing
crystal thickness. The energy dissipated is proportional to the lamellar
surface and to the effective dynamic viscosity in the inter! amellar
region. Takayanagi observed, however, that the loss peak maximum of
the transition increases with increasing crystal thickness. From
these observations Takayanagi concluded that an interlamel lar slip pro-
cess is not responsible for and he proposed his mosaic block mechanism.
Takayanagi's model can account for the experimental observations; however,
there is no morphological explanation as to how these blocks are formed.
Mosaic blocks have not been observed experimentally and while the con-
cept is useful, their existence remains uncertain.
When a semicrystal 1 ine polymer is deformed, the amorphous chains
between lamellae become taut. This tautness may be relieved by motion
of the chain through the crystalline lamellae. This motion would be more
difficult in a HDPE since the crystals are more perfect and thicker. This
motion through the crystal is a possible explanation for the long relaxa-
tion times observed for the HDPE in comparison to the LDPE results.
Stein, et al . (3), have developed a theory of deformation which
describes the orientation of a crystal following deformation. The crystal
orientation is thought to occur by processes of lamellar twisting, crystal
rotation, and chain tilting. The original intent of this thesis was to
attempt to determine the extent of each process and their individual time
dependencies. Limitations of time and instrumentation, however, prevented
the completion of that goal. The orientation behavior of the a, b, and
c-axis has been reported here but what is really needed is to observe the
behavior of these more fundamental processes.
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Whether these processes truly account for the crystal orientation
has been questioned by Flory and Yoon (15). Flory and Yoon argue that
when a polymer is deformed there is a melting of the crystalline lamellae
followed by a recrystal 1 i zation instead of a reorientation process
occurring. These ideas are discussed in further detail in Chapter I.
It is quite difficult to distinguish between the two models and to date
no experimental evidence has been reported to support either theory.
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Captions for Figures
Relative intensity versus azimuthal angle of the 110 reflection
of polyethylene at 10 and 25% strain.
Relative intensity versus azimuthal angle of the 200 reflection
of polyethylene at 10 and 25% strain.
The a-axis orientation function versus time for quenched low
density polyethylene at 10 and 25% strain.
The b-axis orientation function versus time for quenched low
density polyethylene at 10 and 25% strain.
The c-axis orientation function versus time for quenched low
density polyethylene at 10 and 25% strain.
The a-axis orientation function versus time for quenched and
slowly cooled low density polyethylene at 23°C.
The b-axis orientation function versus time for quenched and
slowly cooled low density polyethylene at 23 C.
The c-axis orientation function versus time for quenched and
slowly cooled low density polyethylene at 23°C.
Calibration curve of relative intensity at 90° versus orientation
function of 110 plane. Data obtained by static measurements.
Calibration curve of relative intensity at 90° versus orientation
function of 200 plane. Data obtained by static measurements.
A normalized c-axis orientation function versus time for quenched
low and high density polyethylene at 23°C.
Normalized c-axis orientation function versus time at several
temperatures for quenched high density polyethylene.
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Master curve of c-axis orientation versus time for quenched high
density polyethylene at a reference temperature of 40°C.
14. Plot of In a
T
versus 1/T °K. Shift factors taken from c-axis
orientation versus time for quenched high density polyethylene
at the short time end.
15. Plot of In a
T
versus 1/T °K. Shift factors taken from c-axis
orientation versus time for quenched high density polyethylene
at the long time end.
16. Normalized c-axis orientation function versus time at several
temperatures for slowly cooled high density polyethylene.
17. Master curve of c-axis orientation versus time for slowly cooled
high density polyethylene at a reference temperature of 50°C.
18. Plot of In a
T
versus 1/T °K. Shift factors taken as the average
between the short and long time ends of a plot of c-axis orientation
versus time for slowly cooled high density polyethylene.
19. Strain-optical coefficient versus time at several temperatures
for a high density polyethylene. Taken from Onogi , et al
.
,
Reference 7.
20. Temperature dependence of the reduced orientation functions and
of the strain-optical coefficient at equilibrium. Taken from
Onogi, et al., Reference 6.
21. Reduced orientation function and strain-optical coefficient versus
time at 30°C for a high density polyethylene. Taken from Onogi,
et al
.
, Reference 6.
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22. Strain-optical coefficient versus temperature at 1 sec and equili-
brium for a high density polyethylene. Taken from Onogi , et al
.
,
Reference 7.
23. Transition map of and relaxation processes of high density
polyethylene. Taken from Takayanagi, Reference 12.
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APPENDIX I
AUTOMATED DIFFRACTOMETER PROGRAM
Program Start-Up
Set switch register on the PDP8/E to WW- This corresponds
to all switches in the down position. Press Address Load
,
Clear, Continue
.
The program should then print out the status of
the program. If the program is not functioning properly or if the
program is lost, it must be reloaded.
Loading Instructions
.
If Binary Loader is in the core go to ii.
Load RIM and Binary Loader.
Set switch register to 7777 (all up), Rotary selector to AC.
Load program tape, press Address Load
,
Clear , Continue .
If tape stops and AC reads 0 (no lights are on) press Continue.
If tape stops and AC^O, bring tape back to the last readable
number and restart by pressing Address Load
,
Clear
,
Continue .
After tape is read in the AC should be 0 and the run light should
be Off .
Start of Run .
The user must input the "correct" positions of the A (azimu-
thal) and T (theta) motors. This "correct" position is the one
you manually set beforehand.
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JyPe POS T 10 (for example) < Return>
POS A 10
The computer now knows where the two motors are and will be
able to keep track of them throughout the experiment.
The next information that must be input into the teletype
are the Preset Time and Count
. The Preset Time controls how long
the counter will count the x-ray pulses at a particular angle.
The Preset Count sets the upper limit as to the number of counts
to be taken at a particular angle. The Counter-Timer will record
both time and count until one or the other limits is reached.
Once a limit is reached the motor will move on to the next angle
and start the process over again.
The format for the Preset Time and Count is as follows:
n x 10
m
where 1 < n < 9
0 <_ m <_ 5
The time will be in either 0.1 seconds or 0.1 minutes. A switch
controlling this is on the front panel of the Counter-Timer . The
counts can be multiplied by another factor of (10) if the prescaler
switch on the front panel of the Counter-Timer in Channel B is in
the Jjx position.
With the switch to 0.1 seconds and the prescaler in the Out
position on the Counter-Timer an input of 20 seconds Preset Time is
set by
Type TIM 2E2
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For a Preset Count of 100,000
Type COU 1E5
This would be a typical input for an experiment and any varia-
tion can be used within the limits of the Counter-Timer [i.e., (n)
and (m)].
Sector Control
A sector can be thought of as corresponding to an arc of the
motors. It is in a sector that the information needed for a run
is stored.
You create a sector with the Add command. Sectors have
number 1 - 56. They are run in order unless you request otherwise.
The Current Sector is the sector which is effected by the
Mov
,
Rep
, and Exe commands.
When you type Add , the sector you add becomes the current
sector. Example
Type Add <return> the teletype prints out Sector 1
Type Mov T 10, 20, .5 <return>
Type Mov A 0 <return>
Type Run <return>
What you have told the motors to do is:
Move the theta motor from 10 degrees to 20 degrees in incre-
ments of 0.5 degrees. Move the azimuthal motor to 0 degrees and
have it remain there. The teletype will print out this information
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for you. If you wish to make any changes in the instructions you
can interrupt the run by typing Control and the letter C simultane.
ously. Then to edit a sector type EDT n (where n is the number
of the sector).
As you can see, the format for moving the motors is as
fol lows:
Mov A or T. Start Angle, Stop Angle, Increment
The start angle must be smaller than the stop angle.
Example
Type Mov T 15, 25, .1 <return>
Mov A 0, 90, 5 <return>
Run <return>
The computer will move the theta motor to 15 degrees and the
azimuthal motor to 0 degrees. It will then scan through the
azimuthal increments of 5 degrees until it reaches 90 degrees.
The azimuthal motor will then return to 0 degrees and the theta
motor will increment to 15.1 degrees. The azimuthal will again
scan and continue for each increment of the theta motor until it
reaches 25 degrees.
Note : The minimum increment for theta is 0.02.
The minimum increment for azimuthal is 0.1.
Any number of sectors up to 56 can be added at one time and
run in any order you desire by typing Run 1, 2, 3. . . or 1, 3, 5,
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If you only wish to run the current sector and no others
then type in EXE and that command will execute the current sector.
Special Characters
These are teletype input instructions in order to correct any
mistakes or to edit your runs.
1. Rubout Key - deletes the last typed character.
2. Alt Mode Key - deletes the current line.
3. Control + letter 0 - Stops printout.
4. Control + C - Stops run.
5. Control + R - Prints what has been typed on the current line and
allows you to continue adding characters to the end of the line.
6. * - If typed in first column the line is treated as a comment. Can
be used to identify sample and other experimental parameters.
Commands
1. Cur - Prints the number of the current sector.
2. Def - Defines the default increment for a motor.
Example : Suppose in your experiment you always want either
the A or T motor to increment the same amount.
Before a run then type
Def A or T (increment)
This will override the previous format for the Mov command
and you will only have to type in the start and stop angles.
128
3. Del_ - i) Del_ n - deletes sector.
ii) Del
- deletes current sector,
iii) Del * - deletes al]_ sectors.
4. Edi ii - Makes n the current sector.
5. Enjd - Ends the program. Type before turning off the computer.
6. Fre - Prints out the free sectors.
7. Lis i) U_s_ - lists the current sector.
ii) Lis n - lists sector n.
iii) Lis * - lists alj_ of the sectors.
8. Max - Maximum motor settings. Must specify A or T.
Max <return> prints current maximum setting.
9. Mov i) Mov A 0 moves azimuthal motor to 0.
ii) Mov A 0, 90 , 5_ moves azimuthal motor from 0 to
90 in steps of 5.
iii) Mov A 0, 90 would be input if there already
was a default increment defined for the A motor.
10. Pos_ - i) Pos_ A or T Angle tells the computer where the
motors are.
ii) Pp_s A or T asks the computer where the
motors are.
11. Rep_ - Defines number of times count is taken at each specific
angle <2047.
12. Res - Restarts and resets all variables.
13. Run - Starts sectors moving and will run all defined sectors.
14. Sec - Prints out sector status.
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15. Set - Moves motor to specific angle.
Example : Set T 1_0
Will move the theta motor to 10 degrees.
16. Exe Runs current sector only.
17. Sta Gives program status.
18. Mot Gives motor status.
19. Add Starts a new sector.
20. Tim n E m - Sets the Preset Time in format n x 10m
.
21. Cou n Em- Sets the Preset Count in the format n x
I, Paper Tape Output
The data from a run can be stored on punched tape. Using
the asterisk in the first column you can identify the run with a
comment. The data type should be started with the comment iden-
tifying the experiment. This will ensure a permanent record of
the experiment.
At present we are developing computer programs which will
process the paper tape to determine degree of crystal 1 inity and
orientation functions.
II. Sample Experiment
On the following pages is a sample experiment performed on
the wide-angle diffractometer. The commands and numbers underlined
are what the user input into the program.
Current Position
Maximum Position
Minimum Position
Default Increment
PROGRAM STATUS
Motor Status
0.0 0.00
360.0 70.00
0.0 2.00
0.0 0.00
Sector Status
Current Sector: None.
Number of Sectors: 56.
Number of Free Sectors: 56.
Number of Used Sectors: 0.
No Preset Time.
No Preset Count.
Free Sectors*
1-56
Tim 2E2
Cou 1E5
Pos T 20
Add
Sector 1_
Mov T 20, 25, ^5
Mov A 0
Add
Sector 2
Mov T 21 .5
Mov A 0, 90, 5
Run
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*** Start of Run ***
Sector 1
Motor T moves from 20.00 to 25.00 in steps of 0.50
Motor A is constantly 0.0
Preset Time 2E2
Preset Count 1 L J
Motor 1 1 lilt! Luun l
T
n
A
20.00 0.0 200 9221
20.50 0.0 • 200 12023
21 .00 0.0 200 31606
21.50 0.0 200 67644
22.00 0.0 200 28925
22.50 0.0 200 9970
23.00 0.0 200 7779
23.50 0.0 200 9134
24.00 0.0 200 8369
24.50 0.0 200 5385
25.00 0.0 200 3917
End of Sector
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Sector 2
Motor T is constantly 21.50
Motor A moves from 0.0 to 90.0 in steps of 5.0
Preset Time 2E2
Preset Count 1E5
Motor Time Count
mm
T A
21 .50 0.0 inn 671 34
21 .50 5.0 inn 58798
21.50 10.0 inndUO O ~T ^ *7 r\27379
21.50 15.0 inn 1 1020
21 .50 20.0 inn c c i n5520
21 .50 25.0 inn 4067
21.50 30.0 inn 3641
L 1 . OU JO . u inn 3572
21 .50 40.0 i nn 11 o o3^88
21 .50 45.0 inn 3326
21 .50 50.0 200 3407
21.50 55.0 200 3406
21 .50 60.0 200 3551
21.50 65.0 200 3495
21 .50 70.0 200 3638
21 .50 75.0 200 3460
21.50 80.0 200 3328
21 .50 85.0 200 3507
21.50 90.0 200 3467
End of Sector
*** End of Run ***
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This is the software documentation for the automated wide angle
x-ray scattering equipment. It will explain the user-interface, the
interface between user and computer.
II. Some Terms:
1. Sector, Present Time, Present Count, Repeat Count:
A sector is a block of information which contains the following
information:
a. A starting and ending position and increments for each
motor. This defines the various position at which readings will be taken
For example, if the T-motor is ordered to move from 10 degrees to 20
degrees in steps (increment) of 1 degree, and the A-motor is order to 20
degrees (constantly), then readings will be taken at:
T = 10 degrees A = 20 degrees
T = 11 degrees A = 20 degrees
T = 12 degrees A = 20 degrees
T = 20 degrees A = 20 degrees
If the T-motor is ordered to move from 15 to 16 degrees in
steps of 0.5 degrees and the A-motor is ordered to move from 25 degrees
to 30 degrees in steps of 2.5 degrees, then readings will be taken at:
T = 15 degrees A = 25 degrees
T = 15 degrees A = 27.5 degrees
T = 15 degrees A = 30 degrees
134
T = 15.5 degrees A = 25 degrees
T = 15.5 degrees A = 27.5 degrees
T = 15.5 degrees A = 30 degrees
T = 16 degrees A = 25 degrees
T = 16 degrees A = 27.5 degrees
T = 16 degrees A = 30 degrees
b. A Preset Time and a Preset Count:
At the start of the execution of a sector (i.e. counts
are taken at the specified motor positions) a timer is started. Counts
are taken until one of two things occur.
1. The count exceeds or equals the preset count.
2. The timer equals the preset time.
So the preset time/count put limits on the execution of a
sector with respect to time or counts.
c. A Repeat Count:
The repeat count determines the number of times the counts
are taken at a motor position. If this count is two, then readings will
be taken at each motor position twice.
2. Free Sector List:
This list contains the (numbers of the) sectors that are empty (not
used)
.
A sector is taken off this list when it is Added or Edited. It
is put back on this list when it is deleted or has been run (executed).
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Sectors on this list cannot be listed or run. Sectors that are
added must be on this list.
3. Current Sector:
This is the sector into which information is currently being I
entered (or would be entered). It is the last sector Added or Edited,
(if CTRLIC is typed during the execution of a sector, that sector will
become the current sector.)
4. Current Motor Position:
There are two numbers in the computer. They represent what the
computer "thinks" are the positions of the motors. These values must be
initialized if the program is first loaded or the motors are manually
moved.
5. Editor and Exed :
The program can be logically divided into two sections. The Editor
and the Exec . The Editor is the user-interface, it accepts and processes
all keyboard commands. The Exec executes the sectors.
III.
Obviously all user/computer communication occurs via the teletype, so
I will explain some teletype related terminology. The most important key on
the keyboard is the Return key. This must be depressed at the end of each
typed line. The Al_t Mode or Escape key is depressed to cancel the current
line. (A t will be printed to denote the deletion of the line, and a new
line will be started.) The Rubout key is used to delete the previously
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typed character. When this key is first pressed a slash (/) will be
printed then the deleted character will be printed. For each additional
Rubout typed the character deleted will be printed. When a character
that is not a Rubout is typed another slash is typed. So the characters
between the slashes are the characters that were deleted. To have the
computer print back the line that you have typed in, type a CTRL/ R (this
means pressing the CTRL or control key and then pressing the R key while
keeping the CJ_rl key depressed). This will cause a new line to be started,
and the input that you have typed in (excluding any deleted) characters
will be printed. You will then be able to add more characters to the
end of the line.
Two special characters control printout and sector execution. To
stop printout at any point a CRTL/ 0 may be typed. Printout will be sup-
pressed until either another CRTL/ 0 is typed, or user input is required.
The character to terminate sector execution is a CRTL/ 0. (This will be
explained more fully ahead.
Here is a summary of special characters:
Character Function/Effect
Return Terminates an input line
Alt Mode or Escape Deletes the current input line
Rubout Deletes the previously typed character
CRTL/R Retypes user input line
CRTL/0 Suppresses printout
CRTL/C Terminates sector execution
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Note: The only characters that should be typed while the computer
is printing are CJRL/C and CTRl/o. All other characters will be ignored,
except possibly the last character typed.
IV. Initialization:
The program has two restart addresses. Each is explained below:
a. Address 0000:
When the program is started here a Reset command and Status
command will be forced. This will reset all parameters and variables to
their default values and place all of the sectors on the free sector list
(see ahead)
.
This address should be used when the program is first loaded or
you are unsure of the status of the program. Normally, this restart will
not be used in the normal operation of the program.
b. Address 0200.
When the program is started here nothing at all is reset. Pro-
gram control is returned to the Editor and keyboard input is requested.
This address should be used if, during normal operation, it becomes
necessary to restart the program. (However, there should be no reason
for this.) This address should also be used when the computer is first
turned on. The following parameters will not be initialized and will be
at their previous value. The command to find and change their status is
also listed.
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Parameter
Find
Status Channp Sta tiiQui iui iyc OLQUUj
See
ino te
Free Sector List List Delete (1 \
Preset Time Time Time
Preset Count Count Count
Current Sector Current Add, Edit (Delete)
Current Motor Positions (A and T) rosi tion Post tion (2)
Current Default Increments (A and T) Default Default
Maximum Motor Positions (A and T) Maximum Maximum
Minimum Motor Positions (A and T) Minimum Minimum
The Status command will return information on all of the above
parameters.
Notes:
1. To reset the free sector list (i.e. place all sectors on it)
type " Delete* "
2. You must verify that this parameter is correct. Check it
against the true motor position. If it disagrees, use the
position command to change the current motor positions.
V. Program Commands:
The program has 22 commands. These commands can be grouped into
the following four categories:
a. Sector Related:
1. Dynamic sector environment (i.e. current sector affecting).
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2. Static sector environment (i.e. any sector affecting).
3. Sector information queries.
4. Current sector content.
The difference between Al and A4 is that the commands of Al can
change only the current sector number, while the commands of A4 change
only the information with the current factor.
The commands of A2 can affect the current sector, but only if the
current sector is deleted.
There are commands which affect every sector, but these are listed
under (c) Dynamic Program Parameters.
b. Motor Related:
1
.
Dynamic commands
.
2. Static commands.
3. Information queries.
c. Dynamic Program Parameters (Definition and Query):
1. Reset.
2. Preset time/count.
3. Motor related.
4. Sector related.
d. Program State Commands:
The commands are presented in the following table. Each command
listed with its category.
The general form of a command is as follows:
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<command> <argument structure> or <command>
Each command can be abbreviated to three characters. The argument
structures for the command depend on the command. The general form is as
fol lows
:
0.
1.
Argument Structure Definitions
<Number> = A number, n, 0 < n < 2047
<Sector Number>
2. <Sector Range>
3. <Sector List>
4. <Motor Specifier>
5. <Angle Position>
6. <Arc Specifier
7. <Range Specifier>
= A number, n, 1 <_ n < 56
= Two sector numbers separated by a dash
(e.g. 5-9)
= Any number of sector numbers or sector
ranges or an asterisk separated by
commas (e.g. 1, 7, 12-15, 19).
= A single letter, "A" or "T".
= A real number, r, 0 <_ r <_ 360 (e.g.
72.9).
= An angle position or two angle positions
separated by a comma or three angle posi
tions separated by commas (e.g. 60.02 or
20, 30 or 15.2, 17.8, .1)
= A single digit 1-9 followed by an "E"
followed by a single digit 0-5 (e.g.
1E4)
Command Cateqory
Add
Al
Cou C2
Current A3
Default C3
Delete A2
Edit Al
End D
Execute D
Free A3
List A3
Maximum C3
Minimum C3
Motor B3
Move A4
Position C3
Repeat A4
Restart CI
Run D
Sector A3
Set B1
Status CI
Time C2
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VI. Sector Related Commands:
This category is subdivided into 4 smaller categories: (1) dynamic
sector environment, (2) static sector environment, (3) sector information
queries, and (4) current sector content.
1. Dynamic Sector Environment:
The commands in this category affect only the current sector.
The current sector is that sector which the "current sector content" com-
mands affect. (Simply it is the sector you are currently creating or
editing.) There are two commands in this group:
a. Add :
Command forms: (1) Add or
(2) Add <sector number>
The Add command defines a new sector and a new current
sector.
Form (1 ) Add :
In this form the first free sector is made the current sector
and is taken off the free sector list. (The sector that is first is, of
course, the sector with the least number.) If there are no sectors on
the free list, "No Free Sectors" is printed. (In this case the current
sector is not affected. But this will always mean that the current sector
after the command is given is the same as the current sector before the com-
mand. Also no information in the current sector is affected.)
B. Edit:
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Command form, Edit <sector number>
The Edit command has the same affect as the Add command form
(2), except that the specified sector need not be null. [This is useful
when you wish to correct a mistake in a previously-created (non-current)
sector.
]
2. Static Sector Environment:
These commands do not necessarily affect the current sector.
(The delete command can affect the current sector, namely, if you delete
the current sector.) There are two commands in this group:
a. Delete :
Command forms: (1) Delete or
(2) Delete <sector list>
The Delete command returns all sectors in the sector list
(or the current sector if no list is given) to the free sector list.
b. List :
Command forms: (1) List or
(2) List <sector list>
The List command will print out all the information contained in
every sector in the sector list (or the current sector if no list is given).
Sectors which are free will not be printed.
3. Sector Information Queries:
These commands will return information about the sectors them-
selves (rather than information about their contents).
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a. Current :
Command form: Current
This command will cause the number of the current sector to
be printed. If there is no current sector, "No Current Sector " will be
printed.
b. Free :
This command will print out the free sector list and the
total number of free sectors.
c. Status :
Command form: Status S
This command will print all the information relating to
the sectors:
Current section
Number of sectors (total)
Number of free sectors
Number of used sectors
Global preset time
Global preset count
Free sector 1 ist
d. Sec :
Command form: Sec
This will print out the following:
Number of sectors (total)
Number of free sectors
Number of used sectors
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4. Current Sector Content:
These commands change the contents of only the current sector.
If there is no current sector and this command is given, "No Current
Sector" will be printed and the command will be ignored. (These commands
may be entered many times and only the last entry will be used in the
current sector.
)
a Move :
Command form: Move <motor specifiers <arc specifiers
This command will define the arc and increment that the
specified motor will take when the current sector is run. (For more info
mation see Notes , Move Command
.
)
b. Repeat :
This command determines the number of times readings are
taken at a certain motor position when the current sector is run. (The
default is one reading per position.)
VII. Motor-Related Commands:
This category is subdivided into three smaller categories: (1)
Dynamic commands, (2) static commands and (3) information queries.
1. Dynamic Motor Commands:
This command will cause immediate physical movement of the
motors
.
a. Set
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Command form: Set <motor specifier, <angle positions
This command will cause the specified motor to assume the
specified position. (Assuming the current motor position is correct.)
2. Static Motor Commands:
These commands are motor-related but do not affect the physical
position of the motors,
a. Pos :
Command form: Pos_ <motor specifier^ <angle positions or
Pos <motor specifier>
This command will set the current motor position of the
specified motor to the specified angle.
The current motor position is the position the computer assumes the
motor is in. So this command will not move the motors. (This command is
usually used only when the program is first run, or the motors have been
moved manually. See initial motor set-up.) If no angle position is given,
the current motor position of the specified motor will be printed.
3. Motor Information Queries:
a. Motor :
Command form: Motor or equivalently
Status M
.
This command will print the following information about
each motor:
Current position
Maximum position
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Minimum position
Default position
b. Pos :
Command form: Pos <motor specifiers.
This command will print the current motor position of the
specified motor.
VIII. Dynamic Program Parameters:
This category is divided into three sections: (1) Reset, (2) pre-
set time/count, (3) motor related, and (4) sector related.
1. Reset:
These commands cause certain parameters of the program to be
reset to their original value,
a . Reset :
Command form: Reset
This command affects the following:
1. All sectors are returned to the free sector list.
2. Preset time/count cleared (i.e. there is no preset
time/count)
.
3. Motor maximum and minimum are set to their defaults.
4. Motor default increments are cleared.
5. Current motor position is cleared.
6. The counter/timer is reset.
This command is executed when the program is started at location
0000.
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2. Preset Time/Count:
These commands affect the global preset time/count (see preset
time/count section).
a
. Time :
Command form: Time <range specifiers
This command sets the global preset time to the specified
range.
b. Count :
Command form: Count <range specifiers
3. Motor Related:
These commands affect certain parameters that relate to possible
motor position and default increments.
a. Default :
Command form: Defaul
t
<motor specifiers <angle position> or
Defaul <motor specifiers
This command defines the default increment for the specified
motor. (See notes on program commands for more information.) If no angle
position is given, the current default increment for that motor will be
printed. ( None will be printed if none has been given.)
b. Maximum :
Command form: Maximum <motor specifiers <angle position> or
Maximum <motor specifiers
This command will define the maximum position that the spe-
cified motor will be moved to. (This is in relation to the current motor
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position, i.e. the current motor position will not exceed this value.) If
no angle position is specified, the maximum angle position for the specified
motor will be printed.
c. Minimum :
Command form: Minimum <motor specifier, <angle position>
See Maximum command. (Replace the word "minimum" for
"maximum" when reading.)
IX. Program State Commands:
These commands affect large changes in program state.
a . Run :
Command form: Run or
Run <sector 1 i st>
This command will cause the specified sectors to be run.
(If no sectors are specified, they all will be run.)
b. Execute :
Command form: Execute
This command will cause only the current sector to be run.
c. End
Command form: End
This command forms program termination. (To restart the
program at this point, continue may be pressed.) This command should be
used before the computer is shut off . (Otherwise damage to the program
may occur.
)
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X. Some Notes:
1. On the Move command:
The arc specifier has one of the following three forms:
a. A single number,
b. Two numbers, separated by commas,
c. Three numbers, separated by commas.
The meaning of these different forms is explained:
a. If a single number is given, the specified motor is moved
to that position where the sector is run and remains there throughout the
run.
b. If two numbers are given, they are taken as the starting
and ending position of the specified motor. The increment (step) is taken
to be the default increment for the specified motor.
This is useful if you are always using the same step size
for a motor as it saves having to type it with each move command.
c. If three numbers are typed, they are taken as the starting
and ending position and the step size.
For the T motor the angle positions can have two digits to the right
of the decimal point. But the position must be evenly divisible by 0.02.
(This is the smallest distance that the T motor can move.)
For the A motor the angle position can have only one digit to the
right of the decimal point.
2. On the Count and Time commands:
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When a sector is Added the current preset time and counts are auto-
matically entered into it. If a new Count or Time command is entered, the
current sector will have both the current preset time and preset count
entered into it.
The range specifier has the form nEm. It means n x 10m .
3. On the Run command on CTRL/ C:
If during the execution of a sector a CTRL/ C is typed, execution
will be halted and control will be returned to the Editor . The current
sectors will be the interrupted sector.
XI. Errors:
All error messages are self-explanatory.
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APPENDIX II
ERROR ANALYSIS
A propagation of error analysis was used in the evaluation of
the error in the x-ray relaxation experiments.
The crystal axis orientation function is defined as
- 3 <cos (j» - 1
T
2
3f 2,df = 2
—
d <cos *>
3 <COS <(>>
2
df = 3/2 d <cos <{»
The <cos
2
<j» term is a function of the intensity. An exact solution
to d <cos
2
4» is not mathematically possible. To a first approximation
2
d <cos d» can be given by
2
2 ± 3 <cos <j» j td <COS (j)> = Tt dl rpl31
rel
e
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Calibration curves were prepared of orientation functions versus
I
rel
(90°) by static measurements of the orientation function using the
automated diffractometer. The error in f obtained by the static method
was considered negligible. From the calibration curve a slope was calcu-
lated for
2
9 <cos <t»
=
, 0.08 (110 plane)
31 ,
1 0.10 (200 plane)
Evaluation of dl ,
re I
Average I = 4000 c/s3
o
Average I
t
= 3000 c/s
For
*(5 sec)
0 = 50 C/S
For the blocks of data obtained at any time t after stretching
o = 30 c/s. The error in the relative intensity is calculated
by taking
+ 2a I /I . From the single data point a 95% confidence
results in +
— t o
.025 I
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For the 5 sec data point
? 2
d <cosS> = 0.08 9 ^
0S
.025 dl . = .002
rel rel
for the 110 and the 200 planes. For the block data at any given time t,
-
2a gives 3 dI
rel
of
-
- 015 '
9 » 2
d <cos> 0.08 \:cos + > .015 dl . = .0019l
rel re1
for the 110 and 200 plane
df 3/2 (.002) = .003 for 5 sec
df = 3/2 (.001) = .002 for t > 5 sec
Shift factors were calculated to determine activation energies
for the relaxation process.
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In a
T
= In f(t
2
) - In f(t
}
)
The error in the shift factor was estimated by calculating the
maximum error in the orientation functions at t
]
and t
£
and using these
values to calculate the range of shift factors. The activation energy I
is obtained from a plot of In a
T
versus 1/T.
In a
T
= ^ + In C
The error in the activation energy was estimated by calculating
the maximum and minimum slopes of the plot of In ay versus 1/T. Activation
energies were evaluated for all of the crystal axes. However, only the
c-axis is reported in the thesis. The values of the a- and b-axis orien-
tation functions were relatively small in comparison to the uncertainty
of their value. This resulted in a large error. The c-axis values are
greater, so that the resultant error is not as large. The error in the
activation energy for the c-axis orientation is + 7 kcal/mole ( + 30 kjoule/
mole). This amounts to approximately a 25% error which is very reasonable
considering the experimental difficulties involved.
1%
The orientation function i <a \< uldted p y rt procpoin which ir.ed i he
trdpd/olddl rule to approximate t he i n i e»j» .1 1
. I tic Inter,-. 1 1 ie-. input
relative lnteri',1 tie', which have been corrected for background sent Lit and
the change In '.ample fhi< knev. with *. » r et.oh 1 n<j . t h<< autonia t <•<] <1 1 f t r .it t.u
meter' can M.an t.h<- a/lmuthal anrjle In Increment', a*, Mna I I .r. 0.1°, In the
Cdllhrdtlon e/per 1 merit \ t.hc ,1/ i niu t.h.i I .in<j|e w.r. 'stepped by . I h I *, int. re
merit w.v. miw I I enough to 'jive .1 fjood iiiflt.hem.it.1r.il appro/ 1m.it. Ion In t.he
evaluation of the interjr.il. I he orientation function (1) will '-'I'm I I lor
plane-. p,iralle| to the -.trefoil d 1 r eo 1. 1 on , 'J for .1 random dl\tr Ibution, and
-\/'/ for' plane-, perpendicular to the 1 r < - 1 ' f 1 direction.
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FUTURE WORK
The crystal axis orientation functions for HOPE were determined
at a single azimuthal angle (90°). The Yoon-Stein theory of deformation
which describes the orientation of the crystal in terms of fundamental
molecular processes requires data at several azimuthal angles. Further
work should utilize the new position sensitive detectors to obtain data I
over a range of azimuthal angles simultaneously.
In addition to the x-ray relaxation experiments, birefringence
relaxation experiments should be performed on the HDPE. The combination
of the two techniques will give information on the amorphous orientation
in addition to the crystalline orientation.
The deformation behavior of spherulitic polymers and their time
dependence are locally different and angularly dependent. In order to
study the structural responses more directly, oriented films possessing
a simplified morphology could be examined. Two possible morphologies are
row-nucleated cylindrites and biaxial ly oriented polyethylene. The row
nucleated cylindrites are prepared by a calendaring technique and have a
morphology in which the stack of crystal lamellae are highly oriented
with their normals parallel to the machine direction. The biaxial films
are prepared by a stretching and rolling technique in which the lamellae
are also stacked, but, in addition, are tilted, the degree of tilt dependent
on the annealing temperature. Interpretation of the relaxation results on
these samples should be easier because of the removal of the angular
dependence.
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Longitudinal acoustic Raman spectroscopy may be applied to solve
the question of whether there is a melting and recrystal 1 ization of the
lamellae during deformation as proposed by Yoon and Flory. This technique
is sensitive to changes in crystal thickness and can also be polarized in
directions perpendicular to and parallel to the stress so that it can look
at changes in different regions of the spherulite.
The question of mel ting-recrystallization versus crystal reorien-
tation has recently been addressed by Keller. Keller simultaneously
measured small and wide-angle x-ray changes upon deformation of single
texture polyethylene. A definite correlation was observed between the
small and wide-angle data which supports the plastic flow model, that is
the reorientation process. If there was a mel ting-recrystallization
occurring, the lamellar orientation data obtained from small-angle x-ray
would have no correlation with the orientation results obtained by wide-
angle x-ray.
GLOSSARY OF TERMS
Represents the fraction of crystals oriented per
unit solid angle at spherulite position a.
Elongation ratio defined as the final length divided
by the initial length.
Incident unit vector.
Scattered unit vector.
Reciprocal lattice vector.
Unit cell spacing.
Wavelength of radiation.
Unit vector normal to the reflecting plane.
Unit vector along X-axis.
Unit vector along X'-axis.
Scattering angle.
An intensive property of the crystalline phase.
An intensive property of the amorphous phase.
The overall intensive property.

